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RESUMEN 

Las aleaciones de magnesio se encuentran entre los metales más ligeros, por lo que han 

despertado gran interés en los últimos años para aplicaciones estructurales donde se requiera 

ahorro de peso, como en las industrias del automóvil y aeroespacial. Sin embargo, el uso industrial 

generalizado de estas aleaciones sigue siendo bastante limitado debido a su baja resistencia y 

ductilidad a temperatura ambiente, especialmente para aplicaciones que requieren suficiente 

tolerancia al daño. La escasa ductilidad y capacidad de conformado del magnesio se debe a su 

estructura cristalina hexagonal compacta (hcp) con un número limitado de sistemas de 

deformación disponibles, lo que da lugar a anisotropía en sus propiedades mecánicas. A 

temperatura ambiente, las aleaciones de Mg se deforman principalmente por deslizamiento de 

dislocaciones basales y maclado, mientras que la actividad de los sistemas de deslizamiento no 

basales (prismáticos y piramidales) es generalmente limitada. Con el objetivo de mejorar la 

capacidad de conformado y la tenacidad de las aleaciones de magnesio se han considerado 

diferentes estrategias de procesado, con distintos grados de mejora. Por ejemplo, la adición de 

pequeñas concentraciones de elementos en solución sólida produce una mejora en la ductilidad y 

el conformado del Mg. En esta línea, tanto el Al como el Zn son los solutos más comunes, y 

significativamente más baratos que los elementos de tierras raras. Sin embargo, hasta la fecha, los 

mecanismos de deformación mediante los cuales la adición de solutos conduce a una mejora de la 

ductilidad son todavía controvertidos. Además, el endurecimiento por precipitación conseguido en 

las aleaciones de Mg es considerablemente inferior al logrado en las aleaciones de Al, y no hay 

suficientes estudios que permitan entender los mecanismos de interacción entre las dislocaciones 

y las fronteras de macla con los precipitados en dichas aleaciones de Mg. 

Por tanto, esta tesis doctoral constituye un intento por contribuir a un mejor conocimiento de la 

relación entre la microestructura, los mecanismos activos de deformación y las propiedades 

mecánicas de aleaciones binarias de magnesio con Al y Zn en solución sólida. Dicha relación se 

analizará tanto a temperatura ambiente como a alta temperatura. La interacción entre dislocaciones 

y fronteras de macla con precipitados se estudiará considerando una aleación ternaria de Mg-Mn-

Nd, la cual contiene Zn en solución sólida y ha sido envejecida hasta conseguir el máximo 

endurecimiento mediante la presencia de precipitados nanométricos. 
  
 

 

 



 

 

 

 

 

 

 

  



 

 

 

ABSTRACT 

 

Magnesium alloys, as one of the lightest structural materials, continue to receive significant attention 

for weight-saving applications, particularly in the automotive, electronics, and aerospace industries. 

However, the widespread industrial application of these materials remains limited due to their low strength 

and to their intrinsic poor room temperature ductility, which restricts applications in damage-tolerant 

structural components. The low ductility and forming ability of magnesium are due to its hexagonal close-

packed (hcp) crystal structure with limited number of available deformation modes, which induces plastic 

anisotropy and intrinsic brittleness. At room temperature Mg alloys deform mostly by basal slip and tension 

twinning, while the activity of non-basal slip systems is generally limited. Several strategies have been put 

forward to improve the formability and the fracture toughness of Mg alloys, with different degrees of 

success. It is known that solid solution alloying leads to enhanced Mg ductility and formability at relatively 

low concentrations. Al and Zn are the two most common solutes and are significantly more cost effective 

than rare earth elements. However, the intrinsic mechanisms by which the addition of solutes leads to a 

ductility improvement are still controversial. In turn, precipitation strengthening has not been as successful 

in Mg alloys as in Al alloys, and the mechanisms of interaction between dislocations and twin boundaries 

and precipitates are still not well understood. This PhD thesis constitutes an attempt to better understand 

the relationship between the microstructure, the active deformation mechanisms, and the mechanical 

properties in polycrystalline binary solid solution magnesium alloys with Zn and Al additions, both at room 

and high temperature, and in an aged ternary Mg-Mn-Nd alloy with Zn additions containing ultrafine 

precipitates.  
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the orientation of the grains in which basal (blue) and non-basal (red) traces were found. 

Fig. 5.10 SEM micrographs and EBSD-GND density maps corresponding to pure Mg after tensile testing 

at (a) 150ºC and (b) 250ºC up to a strain of ~10%. The black areas correspond to unindexed regions or to 

microcracks. 

Fig. 5.11 SEM micrographs and the corresponding EBSD-GND density maps for (a,b) Mg-1 wt.% Zn and 

(c,d) Mg-2 wt.% Zn after tensile testing at (a,c) 150ºC and (b,d) 250ºC up to a strain of ~10%. 

Fig. 5.12 SEM micrographs and the corresponding EBSD-GND density maps for (a,b) Mg-1 wt.% Al and 

(c,d) Mg-2 wt.% Al after tensile testing at (a,c) 150ºC and (b,d) 250ºC up to a strain of ~10%. 

Fig. 5.13 SEM micrographs and GND density maps overlapped on the same areas corresponding to (a) pure 

Mg (b) Mg-1wt%Zn after tensile testing at 150ºC up to a strain of ~10%. 

Fig. 5.14 EBSD IPF maps in the ND after tensile testing at 150ºC at an initial strain rate of 10-3 s-1 and up 

to a strain close to fracture. a) Pure Mg; b) Mg-1 wt.% Zn; c) Mg-2 wt.% Zn; d) Mg-1 wt.% Al; e) Mg-2 

wt.% Al. 

Fig. 5.15 Inverse pole figures in the tensile direction corresponding to the (a) pure Mg and binary (b,c) Mg-

Zn and (d,e) Mg-Al alloys before and after tensile testing at 150ºC up to a strain of ~10% and up to fracture 

(F). 

Fig. 5.16 EBSD IPF maps in the ND after tensile testing at 150ºC at an initial strain rate of 10 -3 s -1 and up 

to a strain close to fracture. a) Pure Mg; b) Mg-1 wt.% Zn; c) Mg-2 wt.% Zn; d) Mg-1 wt.% Al; e) Mg-2 

wt.% Al. 

Fig. 5.17 Inverse pole figures in the tensile direction corresponding to the (a) pure Mg and binary (b,c) Mg-

Zn and (d,e) Mg-Al alloys before and after tensile testing at 250ºC up to a strain of ~10% and up to fracture 

(F). 
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Fig. 6.1 EBSD inverse pole figure map in the normal direction (ND) illustrating the microstructure of the 

peak aged MN11+3Zn alloy. The map has been colored according to the legend included as an inset. The 

two grains that were selected for the micromechanical study are labeled using the corresponding numbers. 

The orientation of the ND of those two grains, which is parallel to the compression axis, is also indicated 

in the inset. 

Fig. 6.2 (a) Bright field TEM micrographs illustrating the distribution of nanoprecipitates at the grain 

interiors of the peak aged MN11+3Zn alloy. Imaging was conducted along the (a) <11-20> and (b) <0001> 

zone axes. The corresponding SAD patterns are included as insets. Several arrows in the SAD patterns 

indicate the spots corresponding to the nanoprecipitates. 

Fig. 6.3 (a,b) High resolution TEM images illustrating the atomic structure of the nanoprecipitates 

populating the peak aged MN11+3Zn alloy (<-1100> zone axis). (c-g) EDX-based analysis of the 

precipitate composition, conducted within the region highlighted with a red rectangle in Fig. 6.3a. 

Fig. 6.4 Micromechanical study in grain 1. (a) Engineering stress-strain curves. The inset represents 

schematically the orientation of the Mg lattice and of the precipitates (in blue) with respect to the 

compression axis (red arrow). (b,c) SEM micrographs at different magnifications illustrating the appearance 

of basal slip traces at the micropillar surfaces. 

Fig. 6.5 TEM BF micrographs (<-2110> zone axis) illustrating (a) an overview of the entire lamella, that 

was milled in grain 1 parallel to the compression axis, where the slip traces parallel to the basal plane are 

clearly visible, (b) the homogeneous distribution of nanoprecipitates in regions located away from the slip 

traces, and (c,d) segregation of alloying elements to basal slip traces. 

Fig. 6.6 HAADF-STEM images evidencing segregation at two basal slip traces, and illustrating the 

presence of precipitate free zones in the adjacent regions. (Zone Axis=<-2110>). 

Fig. 6.7 (a) HAADF-STEM image of a basal slip trace and (b-d) the corresponding Nd (b), Mn (c), and Zn 

(d) EDX composition maps. (Zone axis: <-2110>). 

Fig. 6.8 TEM imaging of basal slip traces that are arrested at the micropillar interior. (a) HAADF- STEM 

micrograph; (b) BF micrograph. The dotted rectangles denote areas ahead of the basal dislocation line, 

which are populated by a homogeneous distribution of precipitates. (Zone axis: <-2110>). 

Fig. 6.9 Micromechanical study in grain 2. (a) Engineering stress-strain curve. The insets represent, 

respectively, the orientation of the precipitated Mg lattice before twinning and after twinning with respect 
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to the compression axis (red arrows). (b,c) SEM micrographs of the surfaces of two different micropillars 

illustrating the presence of twins after straining up to an engineering strain of (b) 3% and (c) 10%. 

Fig. 6.10 (a) TEM BF micrograph (<-2110> zone axis) illustrating an overview of the TEM specimen, that 

was milled in grain 2 parallel to the compression axis, where the twin lamellae are clearly visible; (b) 

HAADF-STEM image providing a general view of the precipitate distribution in the matrix and in twinned 

regions. The SAD patterns corresponding to matrix and twinned areas are included as insets. 

Fig. 6.11 HAADF-STEM micrographs illustrating two portions of one of the twin boundaries from Fig. 

10a. It can be seen that the boundary is formed by coherent twin boundary segments (CTB, solid red lines), 

as well as smaller boundary segments that are parallel to matrix basal planes (BP, solid yellow lines) and 

to matrix prismatic planes (PB, solid blue lines). The prismatic planes in the matrix and in the twin are 

highlighted using green dotted lines (<-2110> zone axis). 

Fig. 6.12 HAADF-STEM micrographs illustrating the interaction between a coherent twin boundary (CTB, 

red solid lines) and two nanoprecipitates. The prismatic planes in the matrix and in the twin are indicated 

using green dotted lines. The orientation of the precipitate long axes in the matrix and in the twin are 

highlighted using solid and dotted orange lines, respectively (<-2110>zone axis). 

Fig. 6.13 HAADF-STEM micrograph illustrating the interaction between a PB/CTB intersection and a 

nanoprecipitate (<-2110> zone axis). The prismatic planes in the matrix and in the twin are indicated using 

green dotted lines. The orientation of the precipitate long axes in the matrix and in the twin are highlighted 

using solid and dotted orange lines, respectively. 
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Chapter 1 

1. Introduction 

1.1 Magnesium and its alloys  

1.1.1 Physical properties 

Magnesium (Mg) is the eighth most abundant element in the earth’s crust, constituting about 2% of the 

crust’s mass [1]. After chlorine and sodium ions, magnesium is also the third most common component in 

sea water with 1.3 million tons of Mg per 1 km3 sea water. It is the 12th element in the periodic table and it 

belongs to the group of alkaline-earths. 

Magnesium is reactive and therefore it is prone to form chemical combinations in nature, such as 

magnesite (MgCO3) and dolomite (MgCO3.CaCO3) [1–3]. In 1808, Sir Humphrey Davy isolated 

magnesium from a mixture of magnesia (MgO) and mercuric oxide (HgO) [1,4]. In 1833, Michael Faraday 

produced the first magnesium metal via electrolysis on fused anhydrous magnesium chloride (MgCl2) [1,5]. 

With a density of approximately 1.74 g/cm3, magnesium is regarded as the lightest structural metal (23% 

lighter than Al and 66% lighter than steel) [5–7].  

Mg is endowed with a closed packed hexagonal crystal structure and its lattice parameters are a=3.18Å 

and c=5.19Å. The basic physical and mechanical properties of pure Mg are summarized in Table 1.1 [4,5,8]. 

Pure magnesium is hardly used for engineering applications because of its limited ultimate tensile strength 

and ductility. As in the case of most metals, small additions of alloying elements (aluminum, zinc, 

manganese, zirconium, yttrium, etc.) are known to significantly improve its properties [9–13]. 

 

1.1.2 Applications 

Due to low their low density and reasonable mechanical properties, magnesium and its alloys have 

been widely used as non-structural materials by the aerospace and automotive industries, mostly in the form 

of castings. In addition, because of their good electromagnetic interference shielding, they have been found 

widespread applications in the electronic industry. Moreover, owing to their natural degradability, good 

biocompatibility and favorable mechanical properties, magnesium alloys have also been regarded as 

promising bone implant materials. 

In the field of aerospace engineering, a reduction in the weight of the structural systems is considered 

as an important objective [14,15]. Therefore, magnesium and its alloys are envisioned as ideal substitutes 



Chapter 1. Introduction 

2 

 

for traditional metals like aluminum and steel in some structural components. Compared with non-metallic 

materials such as composites and polymers, magnesium materials can provide high impact characteristics, 

good electric conductivity, damage tolerance, as well as low cost in some applications. In 1948, 8600 kgs 

of Mg alloys were utilized in the Convair B-36 Peacemaker, a strategic bomber operated by the United 

States Air Force, leading to a weight saving of over 1900 pounds and to an extension of the flying range by 

190 miles [16]. In addition, more than seven components of the attack helicopter Boeing AH-64D Apache, 

including the main transmission housing, were made of the Mg-4.1wt%Y-2.5wt%Nd-0.5wt%Zr (WE43) 

alloy [3,16]. In the late 50’s, the consumption of magnesium in US aerospace industries reached a level of 

10,000 tons per year [2,17]. Fig. 1.1 showcases some magnesium parts, including a thrust reverser cascade 

and gearboxes used on helicopters and airplanes. 

 

Table. 1.1: Properties of pure Magnesium 

Properties Values 

c/a ratio 1.624 

Density (RT) 1.738 g/cm3 

Atomic Number 12 

Atomic Weight 24.3050 

Atomic Radius 0.160nm 

Atomic Volume 14.0 cm3/mol 

Melting Point 650 ± 0.5°C 

Boiling Point 1090°C 

Recrystallization Temperature 423°C 

Thermal Conductivity (RT) 154.5 W/m·°C 

Specific Heat Capacity 1.05 kJ/(kg·°C) 

Heat of fusion 195 kJ/kg 

Heat Conductivity (RT) 156 W/(m·°C) 

Young’s modulus (RT) 45 GPa 

Shear modulus 17 GPa 

Fracture elongation 1-12% 

Ultimate tensile strength 80-180 MPa 

Standard potential -2.37 V 

Solidification Shrinkage 4.2% 
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Fig. 1.1: Applications of Mg alloys in aerospace engineering. 

 

On the other hand, weight saving is key to improve automotive fuel efficiency and it can thus help to 

reduce both the total energy consumption and CO2 emissions, which is critical to achieve the net-zero target 

by 2050 [6–8,18]. The first application of magnesium alloys in the automotive industry was reported in 

1918 [4,18] and since the 1930s, this metal has been widely used for automotive non-structural body parts 

[19]. In the last 15 years, the magnesium global production used in the automobile industry has spiked from 

483,000 tons in 2006 to 870,000 tons in 2020 [3,14,20]. The most common applications (Fig. 1.2) involve 

gearboxes, clutch housings, wheels and oil pans. In these applications, compared to aluminum and steel, 

magnesium can contribute to weight reductions of 15-30% and 40-50%, respectively. Increased 

lightweighting is achieved by making other interior parts such as steering wheels and steering column 

brackets of magnesium alloys. 
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Fig. 1.2: Examples of automotive components made by Magnesium alloys. 

 

In addition, magnesium alloys have good thermal conductivity and can help to dissipate the extra heat 

produced by electronic circuits, which makes them an excellent option in electronic devices [2,14]. Also, 

Mg alloys are superior at electromagnetic interference (EMI) shielding and are often used in casings for 

mobile phones. Additionally, in comparison to electronic components containing plastic casings, which are 

very difficult to recycle, magnesium can be easily recycled where the alloy composition can be controlled 

[21]. Therefore, magnesium and its alloys are employed as a replacement for plastics and polymers when 

adequate thermal conductivity properties and better recycling capabilities are required. As shown in Fig. 

1.3, magnesium is widely used for the manufacturing of mobile phones, laptop computers, cameras, and 

other electronic components [5,14,18]. 

On the other hand, magnesium, as one of the most necessary microelements for human body, presents 

high biocompatibility, which makes it a potential material for biomedical applications [4,18,22,23]. In 

comparison with the relatively low strength of polymers and high strength of titanium alloys, magnesium 

exhibits the advantage that the moderate strength is similar to that of natural bone [2,24–26]. Furthermore, 

during degradation, magnesium promotes new bone growth and helps to keep an integral shape because the 

material does not absorb water. Therefore, as shown in Fig. 1.4, applications such as artificial joints, stents 

and pacemakers are increasing in the biomedical field in the last decade [20,25,27]. 



Chapter 1. Introduction 

5 

 

 

 

Fig. 1.3: Examples of electronic devices made of Mg alloys. 

 

 

Fig. 1.4: Applications of biodegradable magnesium implants. 

 

1.2 Deformation mechanisms 

1.2.1 Dislocation slip 

According to the von Mises criterion, at least five independent slip systems are needed in metallic 

materials to accommodate arbitrary strains and to avoid early failure [28,29]. In materials science, slip can 

be defined as that the displacement of one part of a crystal relative to another part along specific 

crystallographic planes and directions [1]. The onset of dislocation slip occurs when the projection of the 

applied stress on the slip plane along the slip direction reaches the CRSS. According to the Schmid’s law, 

the resolved shear stress (τ) is equal to the stress applied to the material (σ) multiplied by the cosine of the 

angle with the vector normal to the glide plane () and the cosine of the angle with the glide direction (), 

a relationship that can be expressed as: 

τ= σ cos α × cos β  (Equation 1.1) 
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where cos α × cos β is a geometrical factor, also known as the Schmid factor (SF). Therefore, the CRSS is 

the value of resolved shear stress at which yielding of the grain occurs, marking the onset of plastic 

deformation. In general, the CRSS required to activate dislocation slip is minimum in the planes with the 

highest packing density and along the direction with the shortest Burgers vector. Magnesium has only one 

close-packed plane ({0001}, also termed basal plane). The crystal lattice direction <112̅0> (also known as 

<a>) is the closest-packed direction [29]. Therefore, the {0001} <112̅0>, or basal, slip (Fig. 1.5a) is the 

dominant deformation mode in Mg and its alloys. The CRSS required to activate basal slip is much lower 

than that corresponding to non-basal slip on prismatic and pyramidal systems and it is slightly lower than 

that corresponding to twinning.  

 

 

Fig. 1.5: Schematic diagrams showing the slip plane and slip direction for (a) (0001) <112̅0> basal slip, (b) {101̅0} 

<112̅0> prismatic slip, (c) {11̅01} <112̅0> 1st order pyramidal slip and {112̅2} <112̅3> 2nd order pyramidal slip. 

 

Table. 1.2: Independent dislocation systems in HCP metals. 

Type Slip plane Slip direction Number of independent modes 

Basal slip: {0001} <112̅0> 2 

Prismatic slip: {11̅00} <112̅0> 2 

Pyramidal slip <a> {11̅01} <112̅0> 4 

Pyramidal slip <c+a> {112̅2} <1̅1̅23> 5 
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However, basal slip does not allow accommodation of strain along the crystal c-axis, which only can 

be achieved in hexagonal structures by the activation of non-basal slip systems. First-order prismatic 

slip,  {101̅0} <11 2̅ 0>, first order pyramidal slip, {10 1̅ 1}<11 2̅ 0>, and second order pyramidal slip, 

{101̅1}<112̅3>, with a <𝑐+�⃗�> slip direction, are the main non-basal slip systems that have been reported 

for Mg and its alloys [30–32] (Fig. 1.5b and c). Compared with other HCP metals, such as beryllium, whose 

non-basal slip modes are almost impossible to be activated at room temperature (RT), Mg alloys present 

better ductility, a fact that has been commonly associated with the operation of non-basal slip systems at 

room temperature.  

 

1.2.2 Deformation twinning 

Twinning is also an important plastic deformation mode in Mg and its alloys. By this mechanism, a 

portion of the original crystal rotates by shearing along specific planes, leading to a mirror image of the 

parent crystal [1]. The plane of symmetry between the two portions of the crystal is called the twinning 

plane. The direction of shear strain caused by twinning is called twinning direction. The difference between 

dislocation slip and deformation twinning is that the orientation of crystal above and below the slip plane 

is the same, while twinning results in different orientations across the twin plane. Thus, twinning not only 

contributes to plastic deformation but it also leads to a significant texture change. In Mg, twinning is 

reported to operate mainly on {101̅2}, {101̅1}, and {101̅3} planes [29,33]. The most common twinning 

plane is {101̅2}, and its operation results in an extension along the c-axis. This mode is activated when 

tensile or compression stresses are parallel or perpendicular to the c-axis, respectively. Twinning on {101̅1} 

and {101̅3} planes, much less frequent, is associated with a contraction of the c-axis. Fig. 1.6 illustrates 

schematically the different twinning systems in Mg polycrystals.  

In general, twins tend to nucleate in regions of stress concentrations such as grain boundaries [34–37]. 

Nucleation may be followed by propagation and growth. Twinning is associated with a noticeable 

redistribution of local stresses, and is critical to the development of alloys with good formability and 

ductility. 

The CRSS values corresponding to slip and twin systems in pure Mg single crystals have been 

characterized using both experimental and simulation procedures (Table 1.3). Although widely spread 

CRSS values have been reported, it is generally accepted that at RT and quasi-static strain rates, CRSSbasal 

< CRSStensile-twinning < CRSSprismatic < CRSSpyramidal, with typical CRSSnon-basal/CRSSbasal ratios ranging between 

20 and 100 [35,39,52–56]. 
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Fig. 1.6: (a) Schematic illustration of different twinning deformation mechanisms, and (b) [12̅10] perspective view of 

Mg lattice. The (101̅1) (101̅2), and (101̅3) planes are in green, blue and black, respectively. (c-e) are the schematic 

illustrations of (101̅1) (101̅2), and (101̅3) twinning modes, respectively. 

 

Table. 1.3: Bravais index and critical resolved shear stresses of the available slip and twinning modes 

Type of shear modes Bravais index CRSS at RT [MPa] 

Basal {0001} <112̅0> ~0.5 [38] 

Prismatic {11̅00} <112̅0> ~50 [39] 

Pyramidal <c+a> {112̅2} <1̅1̅23> ~50 [39] 

Extension twining {101̅2} <1̅011> ~3 [40] 

Contraction twinning {101̅1} <101̅2> ~90 [40,41] 
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1.2.3 Factors influencing the dominant deformation mode 

The activation of different deformation mechanisms in magnesium and its alloys strongly depends on 

different microstructural parameters, such as grain size, crystallographic texture, temperature, composition, 

etc. In the following, the influence of different microstructural parameters on the operative deformation 

mechanisms with be analyzed in both single crystals and polycrystals. 

 

1.2.3.1 Single crystals 

Fig. 1.7 illustrates the true stress-true strain curves corresponding to plane strain compression tests 

carried out in pure Mg single crystals with different orientations at a strain rate of 10-3 s-1. This figure reveals 

that the mechanical behaviour of Mg is strongly anisotropic. Earlier works [28] on the influence of the 

single crystal orientation on the active deformation mechanisms have related the orientation with the 

activation of different deformation modes, including basal slip, twinning, and non-basal slip. 

 

 

Fig. 1.7: Stress-strain curves corresponding to single crystals of pure Mg deformed by plane-strain compression at RT 

and at a strain rate of 10-3 s-1. 

 

Temperature is also a key parameter influencing the CRSS of different deformation modes. The effect 

of temperature on different slip and twinning systems has been extensively studied by the combination of 

simulation and experimental approaches. Fig. 1.8 shows the variation in the calculated CRSS values for 
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basal and non-basal slip systems, as well as for twinning for pure Mg single crystals, as a function of 

temperature. The CRSS for basal slip and extension twinning are believed to be independent of temperature 

and strain rate. On the contrary, the CRSS values for prismatic and pyramidal slip and for compression 

twinning are reported to decrease with increasing testing temperature. It has been reported [42] that the 

lower CRSS values for non-basal systems with increasing temperature are probably due to the lower energy 

barrier for the cross-slip of basal slip to non-basal planes. 

 

 

Fig. 1.8: Critical resolved shear stress values for different slip and twinning modes and their variation with temperature 

in pure Mg single crystals [28]. 

 

1.2.3.2 Polycrystals 

Polycrystalline Mg alloys tend to develop a strong texture during deformation that leads to anisotropic 

mechanical properties, which can be undesirable. The activation of the different deformation mechanisms 

in Mg alloys is thus strongly influenced by the crystallographic texture. In general, fabrication methods like 

casting result in random textures, while thermomechanical process like rolling, extrusion or forging lead to 

strong textures, i.e., to the presence of a large volume fraction of grains with similar orientations (Fig. 1.9). 
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Fig. 1.9: (0001) pole figure corresponding to a strong basal texture (a) and a random texture (b). 

 

Rolled pure Mg and conventional Mg alloys such as Mg-3wt%Al-1wt%Zn-0.3wt%Mn (AZ31) or Mg-

6wt%Zn-0.3wt%Zr (ZK60) present strong-basal textures, i.e., the c-axes of most grains are parallel to the 

normal direction of the sheet (Fig. 1.9) [43]. Several studies [eg.62] have aimed to understand how the 

mechanical response of rolled magnesium alloys relates to the active deformation mechanisms under 

uniaxial deformation at room temperature [44]. It has been reported that, when the {0001} plane is parallel 

to the tensile direction, the deformation is mainly dominated by basal slip and the stress-strain curve is 

characterized by a concave-down shape, with a continuous strain hardening decrease from the beginning of 

deformation. On the contrary, when the {0001} plane of most grains is perpendicular to the tensile direction, 

or when a compression stress is applied parallel to this plane, {101̅2} tension twinning predominates at the 

early stages of deformation and the stress-strain curve is characterized by a sigmoid form or concave-up 

shape. The activation of different deformation modes as a function of the angle between the loading 

direction and the c-axis leads to asymmetry in mechanical properties [45]. 

Different strategies have been developed to decrease strong textures in magnesium alloys. For example, 

processing methods based on severe plastic deformation (SPD), such as equal channel angular extrusion 

(ECAE), high-pressure torsion (HPT), large strain hot rolling (LSHR) and accumulative roll bonding (ARB) 

can lead to different degrees of texture randomization and potentially improved formability [46]. 

Additionally, different studies have demonstrated that texture weakening could be achieved by dilute rare-

earth (RE) additions to wrought Mg alloys [47]. It has been reported that RE elements promote non-basal 

slip systems at room temperature [48][49], being an effective approach to weaken texture in rolled sheets 

and extruded bars. These alloys present thus more isotropic mechanical behavior and better formability 

than conventional wrought Mg alloys. 
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Grain size also plays a crucial role in the selection of deformation modes in Mg alloys. Grain 

boundaries (GBs) constitute effective obstacles to dislocation movement and twin propagation. Therefore, 

the average grain size (d), which is strongly linked to the total grain boundary area, has a critical influence 

on the macroscopic yield strength (y). Both parameters, d and y, are related by the empirical Hall–Petch 

law [50,51](y = 0 + kdn), where 0 is the lattice friction stress, k is a constant named the Hall–Petch slope, 

and n is the stress exponent, which is assumed to range between -1 and -1/2. Some polycrystal plasticity 

models [69] have reported that the calculated CRSS values of basal and non-basal slip systems in pure Mg 

are directly proportional to grain size, as shown in Fig. 1.10. According to these studies basal slip is the 

softest mechanism while pyramidal slip is the hardest mode irrespective of grain size. Other experimental 

studies [52,53] reported a transition from basal to non-basal slip with increasing grain size above ~36 m, 

also in pure Mg. The effect of grain size on the activation of different deformation mechanisms both at 

room and high temperature and under different deformation conditions is still not well understood. 

 

 

Fig. 1.10: Evolution of the CRSS values of basal, prismatic and {112̅2} <112̅3> pyramidal slip systems in pure Mg 

[54]. 
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Grain size has also a significant effect on twinning. It is well-known that twin nucleation occurs 

frequently in regions of high stress concentration, such as grains boundaries. In addition, it is accepted that 

tensile twins tend to nucleate in large grains, showing a strong grain size dependence both in compressive 

and tensile tests [55]. Grain boundaries not only provide the nucleation sites for twinning but also act as 

obstacles for twin growth [56]. Although it is generally accepted that the twinning activity decreases with 

grain refinement and that a twin to slip-dominated flow transition takes place at a sufficiently low grain 

size values [62], the effect of grain size on the RT twinning activity, for different alloy compositions, is still 

controversial. 

Solid solution alloying is an alternative approach to improve formability and fracture toughness of Mg 

alloys. The solid solution effect originates from complicated interactions between mobile dislocations and 

solute atoms located in the dislocation cores. Most of the approaches utilized for texture weakening and 

inducing non-basal slip are based on adding rare earth (RE) elements, and thus involve high costs due to 

the scarcity of these strategic raw materials. However, ductility can be also enhanced by alloying with non-

RE elements. For example, Zr, Ca, and Sr are quite efficient in turning Mg ductile at relatively low 

concentrations [57]. Similarly, Al and Zn, the two most common solutes in Mg alloys [9,57–59]which are 

significantly more cost effective than rare earths and the selected solutes to be studied in the present thesis, 

are considered to be moderate ductility enhancers [57,60–62]. 

However, the intrinsic mechanisms by which the addition of solutes leads to a ductility improvement 

are still controversial, and the effect of these solute additions on the activation of different deformation 

mechanisms is not well understood. Several studies have argued that solutes modify the basal stacking fault 

energy (SFE) by alloying [92]. Quantum-mechanical first-principles calculations have shown that some 

solutes, such as Li, Mn, Pd, Pt, Ru, Ir, increase the I2 SFE and thus lead to the improved cross-slip 

probability of basal dislocations onto prismatic planes [93]. Other studies combining transmission electron 

microscopy (TEM) and ab initio calculations [73] suggest that the addition of Y and Y-like solutes leads to 

I1 stacking faults with lower SFE, which constitute preferred nucleation sites for <c+a> dislocations [94]. 

Recent works based on density functional theory (DFT) calculations, however, question the importance of 

the basal SFE on ductility, claiming that the latter is instead controlled by the ease of cross-slip of the screw 

segments of <c+a> dislocations [12]. In particular, reportedly, high ductility is achieved when the cross-

slip rate is higher than the rate of the thermally activated transitions of the edge dislocation components to 

basal-oriented <c+a> segments, which are sessile in nature (pyramidal-to-basal (PB) transition). Since the 

energy barriers for the PB transitions are small, they occur relatively frequently, thereby severely reducing 

the mobility of <c+a> dislocations, contributing to their high critical resolved shear stress (CRSS), and 

limiting the capability of the material to accommodate c-axis plastic strain. According to this model, solute 
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additions such as Y, Nd, Zr, Ca, and Sr are excellent promoters of <c+a> cross slip, thereby reducing the 

difference in the CRSS of this mechanism with respect to that of softer deformation modes such as basal 

slip or twinning, while Al and Zn have somewhat moderate effects. As shown in Figs. 1.11 and 1.12, Other 

studies reported the effect of solute elements on the CRSS of basal and non-basal slip systems, which have 

rendered contradictory results. For instance, Blake and Caceres [95] attribute the moderate ductility 

enhancement in binary Mg-Zn solid solutions with respect to that of pure Mg to solute softening of prismatic 

slip. Akhtar and Teghtsoonian [86] also report prismatic slip softening by Zn and Al additions, while other 

studies observed solute strengthening of both prismatic and pyramidal systems [96]. Jang et al. [79], on the 

contrary, found that Zn additions have a moderate effect on the CRSS of prismatic and pyramidal systems, 

while they strengthen significantly basal slip. It has also been reported that Y, Zr, Nd and Li increase the 

CRSStwin [76]. For example, the addition of 10 at.% Y to Mg reportedly leads to an increase up to 100 MPa 

in the CRSStwin , while the addition of 5 wt.% Li increases the CRSStwin by 25 MPa. In general, the influence 

of solutes on the anisotropy of CRSS values and on the strength and ductility of magnesium alloys remains 

largely under debate. 

 

 

Fig. 1.11: Simulated stress-strain curves for (a) Mg-Al; (b) Mg-Y on basal, prismatic and pyramidal II planes at 0 K 

[63,64]. 
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Fig. 1.12: Simulated critical resolved shear stress of Mg-Al and Mg-Y alloys on the basal, prismatic, and pyramidal 

II planes, at 0 K [63–65]. 

 

The interaction mechanisms between precipitates and dislocation or twins during the deformation 

process in Mg alloys, and how precipitation affects the alloy mechanical properties is another area that is 

not well understood. It is accepted that precipitation will enhance the yield stress for polycrystals. However, 

it is generally observed that the precipitation hardening levels that can be achieved in Mg alloys are 

significantly lower than those obtained in counterpart aluminium alloys, in which the main dislocation-

particle interaction mechanism is Orowan looping [66,67]. Recent studies, as shown in Fig. 1.13, have 

attributed this poor age hardening performance to the capacity of basal dislocations, which are the main 

strain carriers for most Mg alloys under a vast majority of testing conditions, to shear precipitates [68–70]. 

The high interfacial coherency between the lattice and the precipitates reportedly favors such shearing 

events to the extent that, in some systems, basal dislocations have been observed to cut through precipitates 

with a length exceeding 150 nm [71]. Designing Mg alloys with improved mechanical behavior requires a 

better understanding of the factors influencing particle shearability as well as mechanisms to hinder particle 

shearing by basal dislocations, which are still unknown.  
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Fig. 1.13: Precipitates sheared by basal dislocations in a Mg -4wt%Zn alloy [72]. 

 

1.2.3.3 Methods to determine active deformation mechanisms 

Several techniques have been traditionally used to determine the deformation mechanisms. These 

methods, as well as their advantages and disadvantages are summarized below: 

(a) Transmission electron microscopy (TEM): it allows for a direct observation of dislocations and for 

the determination of the corresponding slip system. However, it has inherent limitations such as the 

potential removal of dislocations during sample preparation and damage of the thin areas by beam 

irradiation, which can affect the analysis. In addition, it is very difficult to get enough statistical data due 

to the difficulty in sampling large volumes. 

(b) Evaluation of the change in grain shape during deformation: grain elongation is usually associated 

with the dominance of dislocation slip, and the strain is often estimated based on the grain aspect ratio. In 

addition, the activity of twinning can be determined by the appearance of bands in the interior of grains. 

This technique is unable to distinguish between the different slip and twin systems. 

(c) Examination of the evolution of texture during deformation: X-Ray Diffraction (XRD) is a 

powerful non-destructive technique for characterizing crystalline materials that provides information on 

crystallographic orientations (texture). Twinning results in distinct rotations of the crystal lattice. For 

example, extension twinning causes a lattice reorientation of approximately 86.3° [73], contraction 

twinning leads to rotations of approximately 56° [74], both of which can be detected using XRD. However, 

this method does not allow to quantitatively estimate accurately the activity of deformation mechanisms 
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operating simultaneously. Moreover, relatively high strains are required to appreciate lattice rotations by 

dislocation slip. 

(d) Analysis of stress-strain curves: the morphology of the stress-strain curve is also related to the 

operative deformation mechanism. For example, twin-dominated flow leads to a ‘‘concave-up’’ stress-

strain response, while slip-dominated flow induces a ‘‘concave-down’’ behavior. However, while this 

method gives a very rough analysis of the operative mechanisms, it does not allow identifying the specific 

slip systems or distinguishing between several mechanisms operating simultaneously. 

(e) Computational simulation and modeling: Crystal plasticity finite element (CPFE) models and 

elastoplastic self-consistent modeling (EPSC) have been used to estimate the operation of different slip and 

twinning systems in hcp metals. In the former, each grain is analyzed as one or several nodes of a 

characteristic volume element, with the same texture as the equivalent polycrystal. On the contrary, in the 

EPSC model, the grain is considered as an ellipsoidal inclusion in a homogenous medium, which has similar 

anisotropic properties to the corresponding textured polycrystal. The CRSS values are determined by an 

optimization strategy, which matches the experimental stress-strain data and texture evolution with 

straining. Although these methods are very powerful, they do not take fully into account microstructural 

parameters such as, for example, the matrix-particle interface coherency, the grain boundary chemistry and 

topology, which can radically modify the activation of deformation mechanisms. 

(f) Electron Backscatter Diffraction (EBSD)-assisted slip trace analysis: 

In this thesis, electron backscatter diffraction (EBSD)-assisted slip trace analysis is utilized to evaluate 

the influence of Zn and Al alloying additions on the activity of different deformation mechanisms in single 

crystalline and polycrystalline Mg alloys. This technique provides direct and statistically sound evidence 

of slip activity and allows relating the local texture and the nature of GBs to the activation of different 

deformation modes. EBSD-assisted slip trace analysis has been successfully used to shed light on unsolved 

issues regarding the microplasticity of pure Mg and different Mg alloys [48,75,76]. Slip trace analysis 

allows early detection of coarse, localized slip bands, which are often precursors of the cracks that 

ultimately lead to poor ductility. Moreover, it facilitates identification of the slip systems that are more 

prone to undergo localization. However, this technique has, to date, not been utilized to investigate the 

origin of the limited ductility of magnesium alloys or the influence of allowing elements on their formability. 

More details about this experimental approach are described in the “experimental procedure” section of the 

present manuscript. 
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1.3 Objectives and structure of the thesis 

The overall goal of this thesis is to contribute to a better understanding of the operative deformation 

mechanisms responsible for the strength and ductility of binary and ternary polycrystalline Mg alloys with 

Zn and Al additions both at room and moderate temperatures. This thesis tries to provide new guidelines 

for the design of high strength and high toughness magnesium alloys. 

Chapter 2 describes the main methods utilized to carry out this research. Notably, electron 

backscattered diffraction (EBSD)-assisted slip trace analysis has been utilized to characterize slip activity 

and main deformation mechanisms under a wide variety of testing conditions in the investigated systems. 

EBSD-assisted trace analysis provides direct evidence of the activity of the different slip systems, and it 

has been successfully used to shed light on unsolved issues regarding the micro-plasticity of the investigated 

alloys. 

As described in Chapter 3, at room temperature, basal slip is the dominant deformation mechanism in 

all the binary Mg-Al and Mg-Zn alloys investigated, irrespective of composition and grain size. Alloying 

additions are observed to have little influence on texture development but act as strong modifiers of the 

topology of the grain boundary network developed during the rolling process. In particular, alloying 

elements reduce the connectivity of grains that are well oriented for basal slip, preventing intergranular slip 

localization and, in turn, leading to considerable strengthening of basal slip and enhanced ductility. Chapter 

4 illustrates the room temperature evolution of the active deformation mechanisms with strain in one of the 

Mg-Zn binary alloys investigated. 

As described in Chapter 5, at moderate temperatures, the addition of Al and Zn atoms to pure Mg does 

not lead to major changes in the mechanical strength, but it does enhance ductility significantly, especially 

at 250ºC. It is shown that the increase in ductility cannot be attributed to a higher activation of non-basal 

systems but to the presence of a more homogenous basal activity in the alloys due to a lower degree of 

orientation clustering, to grain boundary solute segregation, and to a higher slip diffusivity at grain interiors. 

Finally, in Chapter 6, an experimental approach combining micromechanical testing and high-

resolution transmission electron microscopy has been put in place to investigate the interaction between 

basal dislocations and twin boundaries with ultrafine basal disk-shaped precipitates at the atomic scale in a 

Mg-1Mn-1Nd-3Zn (wt.%) alloy. It has been found that the movement of dislocations along basal planes 

leads to the dissolution of the ultrathin basal precipitates in the nearby regions (within 80 nm), and to solute 

diffusion towards the active slip plane aided by the stress gradients associated to the moving dislocations, 

resulting in micro-segregation of solutes (Mn, Nd, and Zn) at the basal slip lines. This micro-segregation 
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constitutes a novel mechanism of interaction between ultrathin, coherent precipitates, and basal dislocations, 

which induces hardening of basal slip planes and triggers the successive activation of multiple slip planes. 

Chapter 7 summarizes the most relevant conclusions and proposes new ideas for future work. 
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Chapter 2 

2. Experimental procedure 

2.1 Materials processing 

In this thesis, twelve polycrystalline binary Mg-Zn and Mg-Al alloys, with up to 2wt % of alloying 

additions and average grain sizes comprised between 3 and 42 m have been studied. Solid solution Mg-

Zn and Mg-Al binary alloy ingots with solute contents of 1 and 2 wt.% have been prepared by casting in 

an induction furnace (VSG 002 DS, PVA TePla) (Fig. 2.1a) under Ar atmosphere from 99.95% pure Mg, 

Al, and Zn. In addition, a quaternary alloy (Mg-1.0 wt.% Mn-1.0 wt.% Nd-3.0 wt.% Zn) was processed by 

gravity casting in the same furnace also under Ar atmosphere from a mixture of high-purity Mg (99.99 

wt%), Mn (99.99wt%), Nd (99.99 wt %), and Zn (99.95 wt%) pellets. 

The as-cast binary alloys were solutionized at 450ºC for 12 h in a muffle furnace (Fig. 2.1b) and 

quenched in cool water to obtain supersaturated solid solutions. Next, slabs with approximately 10 mm in 

thickness and 30 mm in width were machined out of the four binary alloy ingots and were hot rolled at 

250ºC to a final thickness of ~3 mm, using a rolling equipment (Fig. 2.1c) available at CENIM-CSIC. The 

rolling schedule included three passes, each of 50% reduction, and 10 min inter-pass annealing treatments. 

Dog-bone tensile samples of 10 mm gage length and transverse section of 2 x 2.5 mm2 were electro-

discharge-machined out of the three rolled and annealed sheets, with the tensile axis parallel to the RD. 

Note that, with different purposes, the tensile samples were heat-treated under different conditions, which 

will be described in the different chapters.  

 

 

Fig. 2.1: a) Induction furnace VSG 002 DS, PVA Te-Pla; b) Muffle furnace; c) Rolling machine (Carl Wezel KG).  
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2.2 Microstructural characterization 

Sample preparation for the different microstructural characterization techniques included mechanical 

grinding and polishing with diamond pastes of increasingly finer particles, and a final finishing using a 

colloidal silica slurry. 

 

2.2.1 X-ray diffraction (XRD) 

This technique has been used to characterize the macroscopic texture of samples subjected to different 

thermo-mechanical processes, i.e rolling or annealing. The macrotexture of polished samples has been 

measured by the Schulz reflection method using an Empyrean Panalytical X-ray diffractometer (Fig. 2.2) 

with a Cu-Kα radiation source and parallel beam operated at 45 kV and 40 mA. The system is equipped 

with: (1) goniometer platform, (2) X-ray tube, (3) X-ray optics, (4) sample stage and (5) detector. The 2 

angles ranged from 25 to 65º with a step of 0.262º and an acquisition time of 2 s. The surface area examined 

was ~1 cm2. The (0001), (10-10), (10-11), (10-12), (10-13), and (11-20) pole figures were measured. X-ray 

diffraction data were corrected for background and defocusing using the software X’Pert HighScore Plus. 

From the incomplete measured pole figures, the orientation distribution function (ODF) and the complete 

calculated pole figures were constructed using the MTEX MATLAB code. 

 

 

Fig. 2.2: a) Empyrean Panalytical X-ray diffractometer; b) (1) Goniometer platform (2) X-ray tube (3) X-ray optics 

(4) Sample stage (5) Detector. 
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2.2.2 Scanning Electron Microscopy (SEM) 

An SEM scans a focused electron beam over a surface to obtain an image. SEM images are formed 

from a multiplicity of signals that originate from the interaction volume between the incident high-energy 

electron beam and the specimen surface. In this work, the microstructure was examined using secondary 

electron and backscattered electron imaging and energy-dispersive X-ray spectroscopy (EDS) was utilized 

for composition analysis. A FEI Helios NanoLab 600i field emission gun (FEG) dual-beam microscope, 

working at the accelerating voltage from 5 to 20kV was employed, with current intensity values ranging 

from 10 pA to 2.7 nA.  

 

2.2.3 Electron backscatter diffraction (EBSD) 

This SEM-based technique is widely used to analyze crystallographic orientations in polycrystalline 

materials. EBSD is based on the acquisition and analysis of Kikuchi diffraction patterns from the sample 

surface (Fig. 2.3a). With that purpose, a CCD camera as well as different softwares for data acquisition and 

analysis are coupled to an SEM. The samples are placed inside the microscope in a holder with a high 

inclination with respect to the horizontal (70º), which reduces the beam penetration and ensures high 

intensity of the diffracted signal. 

In this work, EBSD measurements were performed using the same mentioned field emission gun 

microscope (Helios NanoLab 600i, FEI) equipped with an Oxford Instruments NordlysNano EBSD system. 

EBSD analysis was conducted using a step size comprised between 0.3 and 2 μm depending on the initial 

grain size at an accelerating voltage of 18 kV and 2.7 nA. 

 

 

Fig. 2.3: (a) Schematic diagram of an EBSD system; (b) Kikuchi pattern. 
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2.2.4 Transmission Electron Microscopy (TEM) 

This technique is a powerful tool for the study of microstructural parameters such as grain boundaries, 

dislocations, interfaces, precipitates, etc, at very high resolution. The incident electron beam is accelerated 

from the gun towards the specimen at high energies ranging between 100-400 keV. The TEM equipment 

basically consists of a high voltage generator, a vacuum system, a column with condenser and objective 

lenses and different apertures for focusing and deflecting the beam, and a control and image analysis 

software. Depending on the objective, projection lenses and apertures selected, different types of images 

can be obtained, including bright-field (BF) and dark-field (DF) imaging. In order to get information about 

the crystalline lattice at atomic resolution, high-resolution electron microscopy (HREM) images with phase 

contrast can be generated by a combination of the direct and diffracted beams. Finally, selected area 

diffraction patterns (SADP) provide crystallographic information such as crystal orientation, lattice 

parameters, etc. 

In this work, the examination of very fine microstructural features such as nanoscale precipitates and 

dislocation arrays has been carried out using a double aberration-corrected transmission electron 

microscope (FEI Themis Z, as shown in Fig. 2.4) operating at a voltage of 300 kV, both in BF and scanning 

transmission (STEM) modes. The high angle annular dark-field scanning transmission (HAADF-STEM) 

technique, with atomic resolution and high precision in chemistry and structure analysis, was utilized to 

distinguish the atomic structure of ultrafine precipitates. Energy-dispersive X-ray spectroscopy (EDX) was 

used to quantify the fraction of different alloying species in these particles. Sample preparation for TEM 

consisted of the extraction of thin, electron-transparent, lamellae using a focused ion beam (FIB) milling 

and the well-known trenching-and-lift-out technique [77] that are described below. 

 

2.2.5 Focused ion beam (FIB) milling: lamella fabrication 

A FEI Helios NanoLab Dual-Beam 600i FIB FEG-SEM microscope has been used in this work to 

prepare TEM lamellae and micropillars (Fig. 2.5). The Ga+ ions are generated by a liquid metal ion source, 

which is a small Ga reservoir connected to a tungsten needle. Upon heating the reservoir, Ga flows to the 

tip of the needle, forming a small point source. A strong electric field to the needle tip, and then extracts 

ions from this source. These ions strike a specific area of the sample. 
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Fig. 2.4: FEI Themis Z transmission electron microscope. 

 

 

Fig. 2.5: a) FEI Helios NanoLab TM 600i dual-beam FIB-SEM microscope: (1) Electron beam gun; (2) Gallium ion 

beam; (3) Platinum deposition system; (4) Easylift TM needle; (5) EBSD detector and (6) Chamber; b) Schematic of 

the configuration of the dual-beam FIB/SEM technique. The ion beam is aligned at 52° with respect to the electron 

beam, and the sample is tilted at 90° and 38º with respect to the ion beam and the electron beam, respectively. 
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Thin lamellae for TEM examination have been prepared by a trenching-and-lift-out procedure 

consisting on the steps described in Fig. 2.6: a) selection of grains of known orientation, and deposition of 

a Pt protective layer to avoid implantation of Ga ions; b-c) the surrounding material is then rough milled 

using the Ga-ion beam with an initial FIB acceleration voltage of 30 kV and progressively lower smaller 

ion beam currents from 65 nA to 0.79 nA, until a lamella of about 1.5 m thickness is achieved; d-g) a 

tungsten needle is used to extract and move the thin foil to a V-shaped copper holder, where it is welded by 

Pt deposition; h-i) progressive polishing of the lamella to electron transparency (100 nm thickness) from 

both sides by decreasing the Ga-ion beam current down to 16 pA and the voltage to 5 kV. 

 

 

Fig. 2.6: Procedure for TEM lamella preparation. 
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2.3 Mechanical characterization 

2.3.1 Macromechanical tensile testing 

Dog-bone tensile samples with a transversal section of 3×2.5 mm2 and a gage length of 10 mm were 

electrodischarge-machined out of the rolled and annealed sheets, with the tensile direction parallel to the 

rolling direction (RD). Uniaxial tensile tests were then carried out on an Instron 3384 universal testing 

machine (Fig. 2.7), at room and high temperature (150 and 250ºC) and an initial strain rate of 10-3 s-1. Two 

tests per composition and grain size are performed to failure to characterize the mechanical response (yield 

stress (σ0.2), work-hardening, ultimate tensile stress (UTS), and ductility. Additional tests are stopped at a 

plastic strain of ~10% to carefully analyze the active deformation mechanisms (dislocation slip and 

twinning), as described below. 

 

 

Fig. 2.7: Instron 3384 universal testing machine used in this study. 

 

The activity of the different slip systems operative during uniaxial deformation has been evaluated by 

EBSD-assisted slip trace analysis. Fig. 2.8 illustrates the experimental procedure to evaluate slip activity 

by EBSD-assisted slip trace analysis. A slip trace is defined as a straight line resulting from the intersection 

of an active slip plane with the sample surface. Firstly, selected large areas of the microstructure at the 

center of the gage section of the tensile specimens are mapped by EBSD before testing (see pre-EBSD map 
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in Fig. 2.8c). After tensile test up to a strain of 10%, grains with visible slip traces are selected by SEM 

examination of the gage length surface (Fig. 2.8a-b), and its orientation is analyzed by post-mortem EBSD 

examination of the same selected large areas (Fig. 2.8d). Then, the assignment of an individual slip trace of 

the selected grain to a specific slip system is carried out by inputting its Euler angles into a MATLAB code, 

which provides as output a visual representation of all the possible plane traces corresponding to that 

particular orientation (Fig. 2.8e). Finally, the selected trace is assigned to the slip system that provides the 

best match. In addition, the MATLAB code also provides information regarding the Schmid Factor of the 

corresponding system (Fig. 2.8f). An effort is made to detect the appearance of as many slip traces as 

possible, and to track their development with deformation in a large number of grains, as the analysis 

accuracy relies on having statistically relevant information. In general, only one set of parallel slip traces 

are detected and counted once for each grain. 

On the other hand, twin activity was estimated following a similar procedure and using the 

corresponding MATLAB code. Twins become clearly evident in post-test EBSD maps, as they give rise to 

dramatic rotations of the crystal lattice (the rotation angles depend on the particular twin system that is 

active), resulting in the appearance of twin lamellas within the original grains. Twin traces are now defined 

parallel to the long axis of the twin. A similar analysis to that described above regarding slip trace analysis 

allows determining the frequency of the different twin variants as well as their corresponding Schmid 

factors. The activity of the different slip and twin systems is then related to the frequency of the 

corresponding observed traces. 
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Fig. 2.8: a) Large areas on the gauge length mapped by EBSD before and after tensile test. b) SEM micrograph 

showing the appearance of slip traces (red line). c) and d) EBSD IPF maps in the ND corresponding to the previous 

SEM micrograph before and after straining, respectively. e) Calculation of the 12 possible traces and determination 

of the active slip system, and f) Schmid factors for the 12 possible slip traces of the selected grain. 
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2.3.2 Micromechanical compression testing 

An experimental approach consisting on micropillar compression was considered to study to 

investigate the interaction of dislocations and twin boundaries with ultrafine precipitates at the atomic scale 

in the Mg-1Mn-1Nd-3Zn (wt.%) alloy. Square micropillars with a side-length of 5 m and an aspect ratio 

of approximately 2.2 were micromachined by FIB in the interior of selected grains. The single crystalline 

pillars were intentionally milled at sufficient distance from GB regions in order to avoid spurious effects. 

Milling was conducted in a dual-beam field emission gun scanning electron microscope (FEGSEM) (Helios 

NanoLab 600i, FEI) at 30 kV using an annular strategy. Following standard milling procedures [78,79], the 

current of the ion beam was decreased with successive milling stages in order to minimize the surface 

damage due to Ga+ ion implantation. As illustrated in Fig. 2.9, the following successive milling steps are 

carried out: (i) rough milling for the fast removal of the surrounding material (Fig. 2.9a); (ii) milling with 

smaller ion currents (2.7 and 0.43 nA) for a smoother approach to the final dimension of the micropillars 

(Fig. 2.9b and Fig. 2.9c); (iii) taper removal and surface polishing with an 80 pA ion current after tilting 

the sample to 53.5°and 50.5°, respectively; (iv) sample rotation of 90°and repetition of step (iii). Finally, 

Fig. 2.9d shows a representative 5×5×10 µm3 micropillar. 

Compression of the micropillars was carried out under ambient conditions on a Hysitron TI950 

Triboindenter™ furnished with 10x10 m2 diamond flat punch tip (Fig.2.10). The system is equipped with 

a standard-load transducer, a high-load transducer, an optical camera, and a sample positioning stage. The 

load is applied in the vertical direction, electrostatically, and the displacement is measured through a 

patented design of a three-plate capacitive transducer. The maximum force value for a low-load transducer 

is 12 mN with force resolution <1 nN and displacement resolution <0.02 nm. The maximum load for a 

high-load transducer is 1 N with force resolution <1 µN and displacement resolution <0.1 nm. Finally, all 

the hardware is embedded in an active vibration isolation system and installed in a thermal and acoustic 

enclosure designed to minimize vibrations, thermal drift, and acoustic noise during testing. Compression 

tests were carried out at a strain rate of 10-3 s-1, in the displacement control mode, and they were stopped at 

an engineering strain of approximately 10 % in order to analyse the operative deformation mechanisms. 

The experimentally measured load-displacement data were first corrected according to the well known 

Sneddon correction [80] and they were subsequently converted into engineering stress-strain data taking 

into account the initial micropillar dimensions. 
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Fig. 2.9: Example of the micropillar milling process (5 ×5 µm2 size): (a) the first rough milling with current 9.3 nA; 

(b) the second milling with current 2.7 nA; (c) the third milling with current 0.43 nA; (d) the last step for removing 

the taper with 80 pA. 

 

 

Fig. 2.10: Hysitron TriboIndenter nanoindentation platform (T1950). 
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Chapter 3 

Effect of Zn and Al solutes on strength and ductility of binary alloys  

at room temperature 

3.1 Introduction 

It is known that the ductility of pure Mg can be enhanced by alloying with non-RE elements, such as 

Al and Zn, which are significantly more cost effective than rare earths. However, the intrinsic mechanisms 

by which the addition of these alloying elements leads to a beneficial effect on the mechanical behavior are 

still controversial. The main purpose of this work is to contribute to a better understanding of the 

microscopic mechanisms responsible for the simultaneous increase in strength and ductility taking place in 

binary polycrystalline Mg with Zn and Al solute additions using electron backscatter diffraction (EBSD)-

assisted slip trace analysis as the main characterization tool. 

 

3.2 Experimental procedure 

As described in Chapter 2, twelve polycrystalline binary Mg-Zn and Mg-Al alloys, with up to 2 wt.% 

of alloying additions and average grain sizes comprised between 3 and 42 m, were prepared by casting 

and hot rolling. Then, the rolled alloys were heat treated in order to generate polycrystals with three different 

average grain sizes for each composition and all with similarly strong basal textures. The heat treatment 

conditions ranged between 200 and 350 ºC for 5-120 min for the Mg-Zn alloys and between 200 and 450 

ºC for 10-120 min for the Mg-Al alloys. Thus, a total of 12 materials (two Mg-Zn and two Mg-Al alloys, 

each with three, comparable, grain sizes) were produced for the present study. The grain sizes and textures 

after processing and annealing were designed to be similar to those developed in a previous study in pure 

Mg in order to facilitate the assessment of the effect the Zn and Al solutes on ductility[52]. 

The microstructure and the crystallographic microtexture of all materials were examined by 

SEM, EBSD and XRD. The average grain size values were determined by the linear intercept 

method from inverse pole figure EBSD maps in the normal direction (ND) to the rolling plane. 

In addition, and as also described previously, EBSD-assisted slip trace analysis has been 

utilized to characterize slip activity, and the latter was related to the grain size, to the texture, and 

to the topology of the grain boundary network. An effort was made to consider more than one 

hundred slip traces in each sample.  
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3.3 Results 

3.3.1 Effect of solutes on the microstructure 

The polycrystalline structures corresponding to the binary Mg-Zn and Mg-Al alloys fabricated for the 

present study are illustrated in Fig. 3.1 (Mg-Zn) and Fig. 3.2 (Mg-Al) by means of several EBSD inverse 

pole figure (IPF) maps in the ND. High angle boundaries (>15º) are colored in black. The IPF EBSD maps 

reveal that the microstructures of the 12 polycrystals are homogenous and contain equiaxed grains. This is 

consistent with the occurrence of recrystallization during processing. The average grain size values 

corresponding to each sample are included as insets in the corresponding IPF EBSD maps. Fig. 3.1 and Fig. 

3.2 confirm that, for each alloy composition, polycrystals with “small” (d ~ (3-6) µm), “medium” (d ~ (10-

14) µm), and “large” (d ~ (34-42) µm) average grain size values are produced. For simplicity, hereafter 

only the terms “small”, “medium” and “large”, and not the specific d values, will be utilized. These grain 

sizes are similar to those developed in a previous study in pure Mg [52]. 

The XRD macrotextures corresponding to each binary alloy are also represented as insets in Fig. 3.1 

(Mg-Zn) and Fig. 3.2 (Mg-Al) by means of the (0001) direct pole figures. All alloys exhibit the typical 

basal fiber texture, where the <0001> poles are tilted a few degrees away from ND towards RD [81]. 

Irrespective of composition, the intensity of the basal fiber texture increases slightly with increasing grain 

size due to preferential growth of basal oriented grains during post-processing annealing.  

The variation of the texture with grain size can be quantified by calculating the Schmid factor for basal 

slip (SFbasal), assuming a tensile stress along RD, corresponding to each binary alloy. The SFbasal values 

corresponding to the twelve polycrystals investigated are shown in Fig. 3.1 and Fig. 3.2. It can be seen that 

in all alloys SFbasal decreases with increasing grain size. The difference between the SFbasal corresponding 

to small grained and large grained polycrystals (SFbasal small - SFbasal large) amounts to 0.041 (Mg-1wt.%Zn), 

0.042 (Mg-2wt.%Zn), 0.034 (Mg-1wt.%Al), and 0.023 (Mg-2wt.%Al). 

Fig. 3.3 compares the effect of grain size on the correlated (neighbor to neighbor) misorientation 

distribution histograms for each alloy composition. All distributions have a maximum frequency of 

boundaries with misorientation angles () close to 30º. Irrespective of composition, the changes in the 

distributions with grain size are relatively small. Fig. 3.4 compares the correlated misorientation distribution 

histograms of the binary alloys to those of pure Mg polycrystals with comparable grain sizes [52]. It can be 

clearly seen that the fraction of boundaries with  < 30º is considerably smaller in the solid solution alloys 

than in pure Mg, irrespective of the specific alloying species and of the alloy concentration, especially in 
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the fine grained polycrystals. The highest fraction of boundaries with  < 30º is present in the pure Mg 

polycrystals with small average grain sizes (Fig. 3.4a). 

 

 

Fig. 3.1: EBSD IPF maps in the ND and XRD {0001} pole figures corresponding to Mg-Zn alloys with different grain 

size: a, c, e) Mg-1wt.% Zn; b, d, f) Mg-2wt.% Zn. 
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Fig. 3.2: EBSD IPF maps in the ND and XRD {0001} pole figures corresponding to Mg-Al alloys with different grain 

size: a, c, e) Mg-1wt.% Al; b, d, f) Mg-2wt.% Al. 

 

Fig. 3.5 compares the correlated and uncorrelated (texture derived) distribution histograms 

corresponding to Mg-Zn and Mg-Al alloys and to pure Mg polycrystals with small (Fig. 3.5a), medium 

(Fig. 3.5b), and large (Fig. 3.5c) grains. The excess of boundaries with  < 30º in the correlated distributions 

suggests the presence of orientation clustering, i.e., the grouping of grains with similar orientations. This 

effect is most noticeable in the pure Mg polycrystals. Altogether, the above misorientation data reveal that 

solid solution leads to a decrease of the fraction of boundaries with  < 30º and to a smaller tendency 

towards clustering of grains with similar orientations. 

In summary, the above results demonstrate that the addition of Zn and Al solutes to pure Mg leads to 

hot rolled and annealed microstructures with similar basal fiber textures but with significant differences in 

the topology of the grain boundary network, particularly in polycrystals with small and medium average 

grain sizes. 
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Fig. 3.3: Correlated misorientation distribution histograms corresponding to Mg-Zn and Mg-Al binary alloys with 

different average grain sizes. 



Chapter 3. Effect of Zn and Al solutes at room temperature 

36 

 

 

Fig. 3.4: Comparison of the correlated misorientation distribution histogram corresponding to the binary alloys and 

to pure Mg, for each grain size range. 
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Fig. 3.5: Correlated vs uncorrelated misorientation distribution functions corresponding to the binary Mg-Zn and Mg-

Al alloys and to pure Mg, with different average grain sizes. 

 

3.3.2 Effect of solutes on the mechanical behavior 

Fig 3.6 depicts the tensile stress-strain curves of the Mg-Zn (Fig. 3.6a) and Mg-Al alloys (Fig. 3.6b) 

deformed until failure at room temperature and at an initial strain rate of 10-3 s-1. In Fig. 3.7 the yield strength 

(0.2), the UTS, and the ductility of all the investigated alloys are compared with those of pure Mg [52] for 

each grain size range. This figure reveals that the solid solution Mg-Zn and Mg-Al alloys are considerably 

stronger than pure Mg polycrystals with comparable grain sizes, although the strengthening due to solutes 

becomes less pronounced in the samples with coarser grains. Fig. 3.7a shows, additionally, that alloys 
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within the same grain size range have similar 0.2, irrespective of composition, and that, as expected, the 

0.2 decreases markedly with increasing grain size. The average 0.2 values for binary alloys with small, 

medium, and large grain sizes are, respectively, 178, 126, and 106 MPa. UTS data corresponding to 

different alloys also exhibit a clear inverse variation with grain size (Fig. 3.7b). The average UTS values 

corresponding to binary alloys with small, medium, and large grain sizes are, respectively, 261, 231, and 

217 MPa. Finally, Fig. 3.7c reveals that the addition of solutes leads to a considerable increase in ductility, 

which is also more pronounced in the polycrystals with the smallest grain sizes. Although ductility data 

corresponding to different alloy compositions within each grain size regime are quite scattered, on average 

ductility in the alloys decreases with increasing grain size from 18 % (small), to 17 % (medium) to 15% 

(large). These values are significantly higher than those measured in pure Mg polycrystals with similar 

grain sizes, which amounted to 6% (small), 9% (medium), and 9% (large) [52]. In absolute terms, the largest 

plastic strains are measured in the Mg-1 wt% Zn alloy with a small grain size (25 %) and in the Mg-2wt%Zn 

alloy with a large grain size (21 %).  

 

 

Fig. 3.6: Tensile true stress-true plastic strain curves corresponding to the Mg binary alloys deformed at room 

temperature and at an initial strain rate of 10-3 s-1: a) Mg-Zn alloys; b) Mg-Al alloys. 

 

Fig. 3.8 depicts the work hardening behavior of the Mg-Zn (Fig. 3.8a) and Mg-Al (Fig. 3.8b) binary 

alloys under study, which is measured from the curves plotted in Fig. 3.6. In particular, the variation of 

(-0.2) versus (-0.2), where =d/d, is the WH rate, and  and  are the macroscopic true stress and 
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true plastic strain, respectively, is shown. All alloys exhibit a near-parabolic WH behavior, with a clear 

decrease in the rate of dislocation storage with decreasing grain size, which is consistent with earlier 

observations in pure Mg [52] and in other Mg alloys [43,82–84]. The influence of grain size on WH in pure 

Mg and Mg alloys is still a subject of debate and opposing views have been published on this matter. The 

mentioned decrease in WH with grain refinement for Mg and other hcp alloys cannot be rationalized using 

the current WH models which, on the contrary, predict an increase in WH in finer microstructures due to 

extra storage of dislocations [43]. The different reasons for this effect that have been put forward include a 

decrease in the twinning activity with decreasing grain size, an increase in the GB sliding contribution, or 

enhanced dynamic recovery in fine-grained samples. While it is true that twinning becomes less frequent 

with decreasing grain size as will be seen below, due to the strong rolling texture present in the current 

alloys twinning acts predominantly as an accommodation mechanism and, thus, the twinning activity is low 

even in the coarsest microstructure. Thus, the observed clear decrease in WH with decreasing grain size 

cannot be attributed to twinning effects. 

On the other hand, the occurrence of grain-boundary sliding (GBS) in Mg at room temperature is 

nearly negligible, since only at temperatures above ~250 oC this mechanism has been found to become 

active at the strain rates used in the tensile tests in the present study. Finally, the dynamic recovery at RT 

is also questionable as cross-slip and climb are thermally activated processes. In a previous work by the 

present authors [82] it was reported that the origin of the decrease in WH in pure Mg polycrystals with 

decreasing grain size is related to a change in the dominant deformation mechanism from non-basal to 

basal-dominated flow with decreasing grain size. Further research would be necessary to explain the origin 

of the decrease in WH in the solid solution alloys of the present study with decreasing grain size, as this is 

outside the scope of the present work. 

In summary, the beneficial effects on strength and ductility resulting from the addition of Zn and Al 

solutes to pure Mg polycrystals become distinctly more prominent with decreasing grain size to the extent 

that, despite the comparatively poorer WH capability of the finest polycrystals investigated, they are 

endowed with overall higher toughness that their coarse-grained counterparts. 
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Fig. 3.7: Comparison of the mechanical properties corresponding to all the binary alloys and to pure Mg. 

 

 

Fig. 3.8: Work-hardening behavior of the Mg binary alloys: a) Mg-Zn alloys; b) Mg-Al alloys. 
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3.3.3 Effect of solutes on slip and twin activity 

The activity of the different slip systems after a tensile strain of 10 % at room temperature is evaluated 

quantitatively in all the binary alloys by EBSD-assisted slip trace analysis and it is summarized in Fig. 3.9. 

It can be clearly seen that basal slip is the dominant deformation mechanism in the 12 polycrystalline alloys 

under investigation. However, clear differences in slip activity can be noticed in alloys with Zn and Al 

solutes. In particular, while in Mg-Zn alloys (Fig. 3.9a) the added contribution of non-basal slip systems 

(prismatic plus <c+a> pyramidal slip) increases gradually from (~5-7 %) to ~20 % with increasing grain 

size and alloying content, in all Mg-Al alloys (Fig. 3.9b) this contribution remains constant at 5 %. 

 

 

Fig. 3.9: Frequency of slip traces corresponding to basal and non-basal slip systems during tension of the Mg binary 

alloys along RD at room temperature and at an initial strain rate of 10-3s-1: a) Mg-Zn alloys; b) Mg-Al alloys. 

 

Fig. 3.10 and 11 show the SF distribution histograms with respect to the global external stress 

corresponding to grains in which basal, prismatic and pyramidal traces are detected in the Mg-Zn (Fig. 3.10) 

and Mg-Al (Fig. 3.11) alloys. The corresponding average SFbasal values are also included next to each SF 

distribution. The orientations of the grains in which basal and non-basal slip traces detected are represented 

in {0001} pole figures by means of blue and red poles, respectively. It can be seen that, irrespective of 

composition, basal slip exhibits predominantly a typical “Schmid behavior”, i.e., basal slip traces are 

preferentially found in grains with high SF. On the contrary, non-basal systems exhibit a “non-Schmid 

behavior”, i.e., they become active in grains with very low SF with respect to the applied stress. This 
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suggests that these mechanisms are activated in response to local stress concentrations at GBs [85] due to 

the need to accommodate strain incompatibilities between neighboring grains with different orientations. 

Fig. 3.12 shows the area fraction of tensile twins calculated from the IPF EBSD maps after a tensile 

strain of 10 % at RT in the binary alloys. Several EBSD IPF maps corresponding to selected alloys after 

10% straining are also included in Fig. 3.12 in order to prove the presence of twins. This figure reveals that 

tensile twinning occurs, in general, more frequently with increasing grain size. The average Schmid factor 

for twinning (SFtwin), calculated taking into account only the grains in which twins are observed, is in all 

the cases lower than 0.2. Tensile twinning exhibits, therefore, a “non-Schmid” behavior, i.e., it becomes 

active as an accommodation mechanism in response to local stress concentrations at GBs. A clear 

correlation between this accommodation mechanism and mechanical properties cannot be properly 

rationalized. No compression twins are observed. 

 

 

Fig. 3.10: Schmid factor distribution corresponding to Mg-Zn binary alloys. Only grains in which slip traces detected 

are considered. The orientations of such grain are plotted in the in {0001} pole figures (in blue, grain with basal traces; 

in red, grain with non-basal traces). 
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Fig. 3.11: Schmid factor distribution corresponding to Mg-Al binary alloys. Only grains in which slip traces detected 

are considered. The orientations of such grain are plotted in the in {0001} pole figures (in blue, grain with basal traces; 

in red, grain with non-basal traces). 
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Fig. 3.12: Area fraction of twins are measured from the EBSD maps performed after tension up to a strain of 10% in 

the Mg binary alloys: a) Mg-Zn alloys; b) Mg-Al alloys. 

 

3.4 Discussion 

The previous results reveal that basal slip is the dominant deformation mechanism in all the binary 

alloys investigated, as reported earlier for pure Mg polycrystals with small and medium average grain sizes 

[52]. It seems therefore reasonable to argue that the considerable increases in strength and ductility 

originated by the addition of Zn and Al solutes, described in section 3.3.2, and which are particularly 

pronounced in the fine grained polycrystals, may be related to an increase in the CRSS of basal slip with 

respect to that of non-basal systems [86]. In the following, the effects of solutes on different potential 

strengthening mechanisms of basal slip are discussed. 

 

3.4.1 Influence of solutes on texture strengthening of basal slip 

The SFbasal (assuming tensile stress along RD) in all the polycrystalline alloys investigated are 

calculated from the IPF EBSD maps of Fig. 3.1 and Fig. 3.2 and are included as insets in those figures. For 

a given grain size range, SFbasal values are similar in all alloys, irrespective of composition. However, for 
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each composition, SFbasal decreases slightly with increasing grain size. The SFbasal corresponding to 

polycrystals with small, intermediate, and large grain sizes, averaged over the four different compositions 

under study, are, respectively, 0.247, 0.229, and 0.212. These values are, furthermore, higher than those 

corresponding to pure Mg polycrystals with similar grain sizes, which amount, respectively, to 0.208, 0.180, 

and 0.188 [52], indicating that the addition of Al and Zn solutes leads to moderate softening of basal slip. 

Therefore, texture strengthening must be ruled out as a potential origin of the increase in strength and 

ductility observed in the Mg-Zn and Mg-Al alloys with respect to pure Mg. 

 

3.4.2 Influence of solutes on the intergranular localization of basal slip 

It is well known that slip localization along bands traversing multiple grains leads to softening and 

early fracture of polycrystalline metals [87]. In particular, it is shown recently [76] that in fine grained pure 

Mg polycrystals, processed by hot rolling and annealing, the development of transgranular bands of basal 

slip traces during room temperature straining is very pronounced, in detriment of the mechanical behavior. 

In the same study, Cepeda-Jiménez et al. [76] show a higher tendency towards intergranular localization of 

basal slip in microstructures with a large degree of clustering of grains with SFbasal larger than 0.2. In the 

latter, basal slip transfer took place across GBs with misorientation angles smaller than a threshold value 

(th) of 30º. 

In this section, the differences observed between the correlated and uncorrelated misorientation 

distributions of the solid solution alloys and those of pure Mg (Fig. 3.4 and Fig. 3.5) reveal that the addition 

of Zn and Al reduces orientation clustering in polycrystals with comparable grain sizes, and that this effect 

becomes distinctly more prominent with decreasing grain size. In order to quantify the influence of the 

alloying elements on the connectivity of grains with SFbasal larger than 0.2 in the twelve alloys investigated, 

the triple junction distributions of EBSD maps including only such grains are analyzed. Triple junctions are 

usually classified according to the number of GBs with a misorientation smaller than a given th that merge 

in them: type J3 junctions consist of 3 GBs with <th and type J2, J1 and J0 junctions comprise, respectively, 

2, 1 and 0 GBs with <th.  A larger fraction of J2+J3 junctions (fJ2+J3) would be indicative of high 

connectivity. th is shown to depend on temperature and strain rate [52]. Since a th of 30° is reported for 

slip transfer in fine-grained pure Mg at room temperature and at 10-3 s-1 [52], it seemed reasonable to 

consider also th = 30° for the solid solution alloys, as all tests were performed under those same conditions. 

Fig. 3.13 compares the fraction of J2+J3 junctions (fJ2+J3) corresponding to the polycrystalline alloys with 

those of pure Mg polycrystals with similar grain sizes. This analysis further corroborates that the degree of 

clustering of grains that are well oriented for basal slip is considerably lower in the solid solution alloys 
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than that in pure Mg. Therefore, it seems clear that the addition of Zn and Al solutes leads to changes in the 

GB network topology that contribute to hinder basal slip transfer and prevent basal slip localization. Fig. 

3.14 consists of several secondary electron SEM micrographs that illustrate the distribution of slip traces in 

the surface of deformed polycrystalline pure Mg (Fig. 3.14a), in Mg-1wt%Zn (Fig. 3.14b) and in Mg-

1wt%Al (Fig. 3.14c) alloys, all with small average grain sizes. Indeed, while, in pure Mg basal traces 

localize in clearly defined transgranular bands, in the alloys they are homogeneously distributed throughout 

the microstructure. Therefore, it seems clear that the addition of Zn and Al solutes leads to changes in the 

GB network topology that contribute to hinder basal slip transfer and prevent basal slip localization, thus 

improving ductility (Fig. 3.7c). 

 

 

Fig. 3.13: Connectivity of grains that are well oriented for basal slip (SFbasal >0.2). Comparison of the frequency of f 

J2+J3 triple junctions in the binary alloys and in pure Mg.  

 

These results show that the reduced orientation clustering resulting from the addition of solutes 

contributes to the observed enhancement of strength and ductility in the solid solution alloys with respect 

to pure Mg (Fig. 3.7a and 3.7b). The grain size effect on yielding can be calculated using a Hall-Petch (HP) 

type relation (σy = σ0 + kd-1/2), where σ0 is the lattice friction stress for dislocation movement and considered 

to be similar for all the alloys, and where k, the HP slope, adopts a value of 281 ± 55 MPa μm ½, measured 

in the rolled AZ31 alloy in the grain size regime of 13-89 μm [88]. This law predicts an increase of ~80 
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MPa in the yield stress value when the grain size decreases from ~36 μm to ~5 μm. However, the σ0.2 values 

for all pure Mg polycrystals are very similar (Fig. 3.7a). This suggests that the high connectivity and 

enhanced basal slip transfer taking place across GBs with small misorientation angles in pure Mg lead to a 

decrease in strength. On the contrary, the σ0.2 values in the solid solution alloys show a variation with grain 

size that is more in agreement with a HP law (Fig. 3.7a). This is consistent with the poorer connectivity 

between grains that are well oriented for basal slip due to the presence of alloying elements, which 

contributes to increase ductility and strength by hindering basal slip localization. 

 

3.4.3 Influence of solutes on the intragranular localization of basal slip 

Fig. 3.14 also evidences that, while the grain interiors in pure Mg are populated with a small number 

of thick traces, associated to deep surface steps, a phenomenon known as coarse slip or intragranular slip 

localization, in the binary alloys slip is diffuse and a large number of fine slip lines are present. It is known 

that coarse slip is a consequence of the softening of individual planes by the passage of dislocations [89,90], 

in such a way that the nucleation and movement of further dislocations along such planes become 

progressively easier, i.e., takes place at increasingly lower stresses. Thus, slip concentrates preferentially 

along such comparatively softer basal planes. These results show that the presence of solutes, offering an 

added resistance to the passage of dislocations, severely limits the mentioned softening, thus contributing 

to a more homogeneous distribution of dislocations along different basal planes. It seems reasonable to 

think that the stresses at the intersection of basal planes and grain boundaries depend on the density of 

dislocations moving along each basal plane, and therefore should be smaller when diffuse slip is present. 

This, in turn, would reduce the likelihood of basal slip transfer [89,90], as observed in the present study 

(Fig. 3.14). 

 

 

Fig. 3.14: Secondary electron SEM micrographs illustrating pattern of slip traces in pure Mg and in Mg-1wt.% Zn 

and Mg-1wt.% Al alloys, all with small grain size. 
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Solid-solution strengthening results from the binding between solute atoms and dislocations [90,91]. 

The binding energies depend, among others, on the size mismatch between solute and matrix atoms. For 

example, Zn, with a smaller size than Mg, tends to diffuse to the compression region of dislocation core 

[63]. Recent simulation studies suggest [65,92] that solute atoms such as Al have stronger dislocation 

binding tendency and solid solution strengthening effect on basal <a> slip planes than on non-basal <c+a> 

slip planes, and therefore reduce the anisotropy in the critical resolved shear stress between slip systems, 

and eventually improve the room temperature ductility. 

The current work suggests that the effect of solutes on the mechanical behavior of Mg alloys extends 

beyond solute-dislocation interactions at the atomic scale. These results evidence that, furthermore, at the 

mesoscale, the addition of Al and Zn solutes leads to changes in the topology of the grain boundary network 

which result in poorer connectivity between grains that are well oriented for basal slip, thus contributing, 

on the one hand, to strengthen this mechanism and, on the other hand, to avoid basal slip localization. The 

simultaneous increase in strength and ductility in Mg binary solid solutions must, therefore, be justified by 

coupling these phenomena occurring at multiple length scales.  

 

3.5 Conclusions 

This work aims to investigate the mechanisms responsible for the simultaneous increase in strength and 

ductility in polycrystalline binary Mg-Zn and Mg-Al solid solution alloys with respect to pure Mg. With 

that goal, twelve polycrystalline Mg-Zn and Mg-Al alloys, with up to 2 wt.% of alloying additions and 

average grain sizes comprised between 3 and 42 m, are prepared by hot rolling and annealing and are 

tested at room temperature and quasi-static strain rates. EBSD-assisted slip trace analysis is then utilized to 

characterize slip activity, and the latter is related to the grain size, to the texture, and to the topology of the 

GB network. The main conclusions are the following: 

1. Basal slip is the dominant deformation mechanism in all the solid solution Mg-Zn and Mg-Al alloys 

investigated, irrespective of composition and grain size. The activity of non-basal slip and tensile 

twinning, which operate mostly as accommodation mechanisms in response to local stresses, 

increases with increasing grain size but remains minor in comparison with that of basal slip.  

2. Hot rolled and annealed binary Mg-Zn and Mg-Al alloys have similar basal fiber textures within 

all the composition ranges investigated. The texture strength increases slightly with increasing grain 
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size, irrespective of the amount of Al and Zn solutes. The binary alloys have moderately weaker 

textures than pure Mg with comparable grain sizes. 

3. The addition of Al and Zn solutes modifies the topology of the GB network that results from 

processing. On the one hand, it leads to a significant decrease in the volume fraction of boundaries 

with misorientation angles below 30°, particularly in the fine-grained alloys; on the other hand, it 

results in a reduced clustering of grains that are well oriented for basal slip (SFbasal >0.2), leading 

to a reduced tendency towards intergranular basal slip localization. 

4. The addition of Al and Zn solutes prevents intragranular slip localization, thus reducing the 

likelihood of basal slip transfer across grain boundaries. 

5. The simultaneous increase in the macroscopic strength and ductility in polycrystalline binary Mg-

Zn and Mg-Al alloys with respect to pure Mg with comparable grain sizes must be understood as 

a multiscale phenomenon, in which the solid solution strengthening derived from solute-dislocation 

interactions at the atomic scale, is coupled with modifications in the grain boundary network at the 

mesoscale. 
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Chapter 4  

Activation of pyramidal slip and secondary mechanisms in solid solution Mg-

Zn alloys and their effect on tensile ductility 

4.1 Introduction 

Non-basal slip systems, such as <c+a> pyramidal slip, are reported to increase the formability of Mg 

alloys [63]. Different studies [93,94] reveal that alloying with rare earth elements such as Y, Tb, Dy, Ho, 

etc leads to higher ductility in comparison to pure Mg with similar grain size, mainly due to enhanced 

activity of <c+a> slip activity and secondary twinning. However, due to the high cost of RE elements, other 

more cost-effective solutes have been also explored, in particular from the point of view of their effects on 

the RT ductility and formability of Mg alloys at RT and activation of non-basal mechanisms. For example, 

lithium is well known to improve the ductility of magnesium alloys due to the reduction of the c/a ratio 

and/or change in the stacking fault energy (SFE), which both can promote non-basal slip [95]. Zn is one of 

the most common alloying elements in commercial Mg alloys [93]. Previous studies [96,97]determined that 

Mg-Zn solid solutions processed by rolling and annealing present until ~22% tensile elongation. However, 

the origin of the increased ductility due to Zn solute is not well established and the data published to date 

are somewhat contradictory. Blake et al [98] determined that the ductility increase in Mg-Zn alloys can be 

associated with the activation of prismatic slip due to Zn induces softening of prismatic slip in single 

crystals, without the pronounced activity of <c+a> dislocation slip. 

Studies based on multiscale mechanics modeling [99]established that dilute solute additions to 

magnesium alloys increase ductility due to an increase of the <c+a> cross-slip mechanisms and overall 

<c+a> activity with increasing strain. In pure Mg, <c+a> cross-slip would be limited due to <c+a> 

dislocations dissociate on the basal plane. However, in the same study is determined that Zn solute would 

be less effective on activation of <c+a> cross slip in comparison to other alloying elements such as Ca, Y, 

etc. Therefore, the effect of Zn on 〈c+a〉 slip and on the ductility and the operative deformation mechanisms 

in solid solutions should be studied further. In this chapter, the effect of Zn on the deformation modes with 

increasing tensile strain up to fracture has been conducted by electron backscattered diffraction (EBSD)-

assisted slip trace analysis. 
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4.2 Experimental procedure 

The material employed in this chapter is a solid solution Mg-Zn alloy with ~2 wt%Zn (~0.75 at%) 

solute content. Plates of the as-cast alloy were subjected to solid solution treatment (450ºC, 12h), hot rolling 

at 250ºC in three passes and subsequent annealing (350ºC for 60 min) in order to produce an average grain 

size of ~36 m. More details on the thermo-mechanical process performed in the current work can be found 

in Chapter 2. 

The microstructure and the microtexture after tensile tests at different plastic strains were characterized 

by SEM and EBSD. The operative deformation mechanisms for different deformation stages were 

evaluated by EBSD assisted-slip trace analysis, as described previously. 

 

4. 3 Results 

4.3.1 Mechanical behavior at room temperature of the Mg-Zn binary alloy 

Fig. 4.1a illustrates a representative tensile true stress–true strain curve corresponding to the Mg-

2wt%Zn alloy tested until failure at RT and at an initial strain rate of 10-3 s-1. The yield strength (0.2) is 

~105 MPa, the maximum stress is ~240 MPa and the plastic elongation at fracture is ~22%. It is observed 

a homogeneous strain up to fracture. The comparison with pure Mg, previously published in [57], with 

similar grain size and texture, reveals that the addition of solutes leads to a moderate increase in maximum 

strength and a significant increase in ductility, which is mainly associated with the fact that alloying 

additions modify the topology of the GB network developed during processing (Chapter 3), preventing 

intergranular basal slip localization that induces in the long run cracking as usually observed in pure Mg 

polycrystals [75,76]. 

On the other hand, Fig. 4.1b shows the work-hardening behavior of the Mg-2wt%Zn alloy analyzed 

by means of the macroscopic WH rate, =d/d, where  is the macroscopic true-stress and  is the true-

plastic strain. In particular, it is considered representation of  (-0.2) vs. (-0.2), which provides 

information on the dislocation evolution [43]. This plot shows a near-parabolic shape, which is consistent 

with an increase in WH due to extra storage of dislocations. In comparison to polycrystalline pure Mg [52], 

the Mg-2wt%Zn alloy exhibits a noticeably higher area under the curve, an indication that Zn atoms change 

the kinetics of dynamic recovery and strain hardening during mechanical testing, which allows extended 

storage of dislocations. These results agree with those reported by Kula et al [100] on Mg-Y alloys, which 
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demonstrated that Y atoms delay dynamic recovery and induce more effective defect storage at the onset 

of plastic flow. 

 

 

Fig. 4.1: a) Tensile true stress-true plastic strain curves corresponding to the Mg-2wt%Zn alloy deformed at room 

temperature and at an initial strain rate of 10-3s-1. b) work hardening plot:  (-0.2) vs. (-0.2), which provides 

information on the dislocation evolution. 

 

4.3.2 Microstructure and microtexture evolution with strain. Slip and twinning activity 

Fig. 4.2 illustrates a representative set of EBSD maps, as well as the (0001) pole figures (PFs) 

represented as insets showing the orientation of the ND, corresponding to the same region of the deformed 

gage length of the Mg-2wt%Zn samples before (Fig. 4.2a) and after tensile tests (Fig. 4.2b-e) at RT and 10-

3 s-1 along RD up to different strains, ~5% (Fig. 4.2b), ~10% (Fig. 4.2c), ~15% (Fig. 4.2d) and close to 

failure (Fig. 4.2e). Colors in the IPF EBSD maps represent the orientation of the ND sample axis with 

respect to the crystal lattice frame, according to the standard IPF triangle included also as an inset. 

Inspection of the IPF EBSD maps reveals that the initial microstructure (Fig. 4.2a) is homogenous and 

contains equiaxed grains, which is consistent with the occurrence of recrystallization during previous 

thermo-mechanical processes. 

In addition, this sample exhibits the typical basal fiber texture with a maximum intensity of ~14 times 

random, where the <0001> poles are tilted a few degrees away from ND towards RD [81]. The average 

grain size was estimated to be ~36 m, and the Schmid factor for basal slip (SFbasal), assuming a tensile 

stress along RD, was calculated to be SFbasal=0.209. After tensile straining at different strain levels, the 
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corresponding IPF EBSD maps reveal a low fraction of twinning at the beginning of deformation (~5%, 

Fig. 4.2b), suggesting slip dominated deformation. With increasing strain up to ~15% (Fig. 4.2d), it is 

observed a progressive increase of twin activity, which is also confirmed by a new intensity maximum close 

to TD in the (0001) PF, due to the lattice rotation by tensile twinning (~86º), in full agreement with reported 

experimental and simulation studies [101]. In addition, the PFs corresponding to higher strain levels (insets 

in Figs. 4.2c-e) show a gradual rotation of the c-axes toward the <0001> direction, in such a way that grains 

rotate away from the tensile axis, consistent with an evolution of texture mainly by basal slip, as predicted 

by Calnan et al [102]. 

 

 

Fig. 4.2: Evolution of the microstructure and texture of the Mg-2wt%Zn alloy during RT tensile testing along the RD 

and at initial strain rate of 10-3 s-1. EBSD IPF maps and {0001} pole figures show the orientation of the ND and 

correspond to the same region of the gage length before tensile testing (a) and after different strains: b) 5%; c) 10%; 

d) 15%; e) at fracture. 
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In order to evaluate the operative deformation mechanisms as a function of strain, an exhaustive 

EBSD-assisted slip trace analysis was carried out at different strain levels up to fracture, during tension 

along RD at RT and 10-3 s-1. The frequencies of basal and non-basal traces are depicted in Fig. 4.3a. The 

number of traces analyzed at the different strain levels, ~5, 10, 15% and fracture, are respectively, 103, 100, 

106 and 126. Several trends may be highlighted from this figure. At low strains (~5 and 10%), basal slip 

appears to be the dominant deformation mechanism, as previously reported for solid solution Mg alloys 

with similar microstructure and deformed under the same conditions in Chapter 3. At ~5% and ~10% strain, 

87 and 79%, respectively, of the slip traces correspond to basal slip, while the contribution of non-basal 

slip was determined to be only, 13% and 21%, respectively. However, with increasing strain up to ~15% 

and especially at deformation close to fracture (~20%), the frequency of basal slip activity decreases to 60 

and 32%, respectively, while the activity of non-basal traces increases to 40% and 68%. This can be due to 

during deformation, Zn in solid-solution induces a strong hardening to basal slip [103,104], and thus gives 

rise to enhanced non-basal slip activation. Earlier studies [65,103,105,106] have reported a decrease of the 

CRSSnon-basal/CRSSbasal ratio with solid solution additions.  However, these results reveal that, in spite of the 

sharp basal texture present in the solid solution material (maximum intensity close to 14), the CRSSnon-

basal/CRSSbasal ratio remains high enough that basal slip becomes the dominant deformation mechanism at 

low strain values, and non-basal slip systems, in particular pyramidal slip, require progressive basal 

strengthening to be activated at high strain levels. 

On the other hand, the area fraction of twins (Fig. 4.3b) has been also calculated from the IPF EBSD 

maps of the deformed samples with increasing strains. This figure apparently reveals that tensile twinning 

occurs more frequently at higher strains. Nevertheless, these results show that the increase of the twin 

fraction with strain may be due to twin growth and that twin nucleation occurs mostly at the beginning of 

deformation [107]. In addition, evaluation of the average Schmid factor for twinning (SFtwin) calculated for 

the grains in which twins have been observed indicates that is, in general, markedly lower than 0.2. 

Therefore, twinning would be activated as a “non-Schmid” mechanism, which suggests that may be 

activated in response to local stress concentrations at GBs. It is well-known that the local microstructure 

plays an important role in twin activation [85]. However, although a clear correlation between this 

accommodation mechanism and mechanical properties cannot be easily rationalized, twinning contributes 

to increasing ductility in the Mg-Zn alloys. It has been reported [108–110] that (10-12) twinning contributes 

to increasing uniform elongation in tensile tests, since twinning produces a characteristic region of uniform 

deformation within the parent grain. In addition, in general, twins spread across the width of the grains and 

usually occur adjacent to grain boundaries, which helps to accommodate deformation incompatibilities 

between neighbouring grains. 
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Fig. 4.3: a) Frequency of slip traces of basal and non-basal slip systems, and b) area fraction of twins measured from 

the EBSD maps in Fig. 4.2. corresponding to the Mg-2wt%Zn alloy deformed by tensile testing along RD at room 

temperature and strain rate of 10-3 s-1 at different strains. 

 

On the other hand, evidence supporting the hypothesis on activation of non-basal slip due to basal 

strengthening with straining is provided in Fig. 4.4. This figure illustrates the Schmid factor distributions 

with respect to the global external stress corresponding to the basal, prismatic, and pyramidal < c+a> traces, 

which have been detected in grains after deformation with increasing strains. In addition, the corresponding 

(0001) discrete pole figures showing the orientation of the c-axes of grains with basal (blue dots) and non-

basal (red dots) traces are also included as insets. It can be seen that at low strains, 5 and 10% (Fig. 4.4a 

and Fig. 4.4b, respectively) most of the basal slip traces present a typical “Schmid behavior”, i.e. slip traces 

are preferentially found in grains with high SF and their number decreases continuously with decreasing 

SF. The corresponding (100) pole figures in Figs. 4.4a and 4.4b confirm that the grains with c-axes 

relatively tilted away from the ND appear to be the main strain carriers. In these grains, basal slip is favored 

and thus preferentially activated, in agreement with previous studies [52,111] and the results discussed in 

Chapter 3. On the contrary, the scarce non-basal traces, pyramidal <c+a> and prismatic systems, become 

active both in grains with high and low SF, which suggests that these mechanisms could be activated in 

response to the global external stress but also in response to local stresses at GBs (non-Schmid behaviour). 

With increasing the strain degree up to 15% (Fig. 4.4c) and close to fracture (~20%, Fig. 4.4d), both 

basal and pyramidal systems seem to be activated both in response to the applied stress (high Schmid factor) 

and as accommodation of local stress concentrations at GBs, as observed in the corresponding pole figures, 

in which basal blue poles correspond to grains that have c-axes relatively close to the ND, indicating that 

in these grains basal slip is not favored and may be activated as an accommodation system. Therefore, the 
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non-compliance with the Schmid law with increasing tensile strain reveals that the enhanced activation of 

pyramidal slip must be due to strengthening of basal slip due to Zn in solid solution, which gives rise to a 

decrease in the CRSSnon-basal/CRSSbasal ratio. 

Fig. 4.5 illustrates an IPF EBSD map in the ND (Fig. 4.5a), the corresponding EBSD map colored 

according the basal Schmid factor (SFbasal) with respect to the loading direction (Fig. 4.5b), and four SE 

SEM micrographs, corresponding to different strain levels, 5% (Fig. 4.5c), 10% (Fig. 4.5d), 15% (Fig. 4.5e), 

and close to fracture (Fig. 4.5f). In addition, basal and non-basal traces are highlighted with red and blue 

lines, respectively. It can be observed in Fig. 4.5c (~5%), that the slip traces at low deformation are mostly 

basal and are preferentially activated in grains with moderately high SFbasal values (for example, grains 1, 

2, 3, 8, 9). With increasing tensile strain, activation of pyramidal slip traces is progressively observed 

(grains 5, 10, 11, 12), as well as of basal traces in grains bad oriented for basal slip, as in grain 10 (Fig. 

4.5f). Apparently, deformation takes place homogeneously throughout the microstructure, without 

detection of localized slip bands often relative to basal slip transfer [76,111], which can be precursors of 

cracks that lead to poor ductility in pure Mg. 

 

 

Fig. 4.4: Evolution of the Schmid factor distribution corresponding to the Mg-2wt%Zn alloy during RT tensile testing 

at different strains: a) 5%; b) 10%; c) 15%; d) at fracture. Only grains in which slip traces were detected are considered. 
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The orientations of such grains are plotted in the {0001} pole figures (in blue, grains with basal traces; in red, grains 

with non-basal traces). 

 

 

Fig. 4.5: a) and b) pre-test EBSD IPF and basal Schmid factor (SFbasal) maps, respectively, corresponding to the Mg-

2wt%Zn alloy. c-f) SE SEM micrographs illustrating the evolution of the morphology of slip traces on the same region 

of the gage length mapped in (a), after tensile testing along RD at room temperature and different strain level: c) 5%, 

d) 10%, e) 15% and f) at fracture. In red, basal traces and in blue, non-basal traces. 

 

Fig. 4.6 shows at higher magnification, and thus, in more detail, the evolution of the slip trace 

morphology with tensile strain in three grains in which slip traces were detected. In addition, it is also 

included the assignment of each detected slip trace by SEM to a specific slip system simulated by the 
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MATLAB code, as well as in the right column, the Schmid factors (SFs) for all the slip systems and those 

found to be active in each grain highlighted in colors. The key difference between the selected grains is that 

while grains 1 and 3 have high and moderate SFbasal of 0.36 and 0.14, respectively, grain 2 has a very low 

SFbasal of 0.07. In grains 1 and 3, basal slip operates from the early deformation stage, while in contrast is 

not active in grain 2 due to the low SFbasal and pyramidal slip is observed in grain 2 and 3 after higher strain 

level (~15%). This result agrees with previously reported studies [107,112] on that <c+a>dislocations 

become active only after a critical strain is overcome. It is suggested that during loading of the sample, 

grains experience a noticeable change in their stress state due to inter- and intra-granular back-stresses that 

can induce activation of hard mechanisms, such as pyramidal slip in grains with low SF for basal slip. In 

general, it is found that basal slip traces are reasonably straight implying planar and homogenous slip 

activity. 

 

 

Fig. 4.6: IPF EBSD maps and SEM micrographs corresponding to three selected grains showing the evolution of the 

slip traces morphology with the tensile strain. On the right-hand, it is included calculation of the 12 possible traces 

and determination of the active slip systems (dotted lines), and Schmid factors for each deformation mechanism. 
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4.3.3 Activation of secondary deformation mechanisms induced by pyramidal slip 

In general, it has been observed that grains with SFbasal ≥0.2 deform primarily by basal slip, being the 

main strain carrier at relatively low tensile strain. Frequently only one slip system is active at a time.  

However, with increasing strain, pyramidal slip is activated. In the following, unusual observations 

associated with activation of pyramidal slip will be described, which contribute to accommodate 

deformation and increase ductility. 

Fig. 4.7 highlights as an example, the strain evolution in a “hard” grain with low SF for basal slip 

(SFbasal=0.07). Note that “hard” and “soft” is referred to low and high SF for basal slip. It is observed that 

after some level of deformation two pyramidal slip systems are activated, being an example of multiple slip 

systems active in one grain. This creates high localization of deformation in microstructure, which induces 

crack nucleation and significant surface roughness. As seen in Fig. 4.7 and confirmed by similar 

observations, damage development is usually concentrated in grains with low SF for basal slip due to lack 

of slip transfer and localization of deformation along grain boundaries between grains with low SFbasal. 

On the other hand, Fig. 4.8 shows another observation on additional accommodation mechanisms 

induced by pyramidal slip, which are associated with grains with low SF for basal slip and grain boundaries 

with high misorientation of =42º. As seen in Fig. 4.8, when the strain is increased up to ~15%, intense 

wavy traces associated to pyramidal slip are observed traversing the grain boundary between apparently 

highly deformed grains. Grain 1, as depicted at higher magnification in Fig. 4.8c, shows another example 

of multiple pyramidal slip systems with relatively high SFpyramidal becoming active in one grain (marked by 

black and green lines in grain 1). In addition, pyramidal slip transfer between adjacent grains 1 and 2 can 

be observed. Consequently, stresses at grain boundaries emerging from pyramidal dislocations-GB 

interactions are released by slip transfer in neighboring grains with high SF for pyramidal slip, contributing 

also to increase ductility. 

On the other hand, Fig. 4.9 shows another example of activation of accommodation systems induced 

by pyramidal slip within a grain hard for basal slip (low SFbasal of 0.021). Interestingly, compression {10-

11} twins (associated with contraction of c-axis) nucleate within the “hard” grain close to the observed 

pyramidal slip traces (Fig. 4.9d) again with relatively high strain levels (~10%). In general, {10-11} 

contraction twins are thin, as observed in Fig. 4.9b, and can form multiple thin lamellae [113]. For the c-

axis compression twins, the boundary misorientations are 55-60º [114], as confirmed in Fig. 4.9c by the 

misorientation distribution along the dotted line drawn in Fig. 4.9b. It is known that twin nucleation takes 

place in regions of stress concentration, such as GBs and dislocation structures [115,116]. On the contrary, 

the formation of a twin leads to a considerable redistribution of local stresses and helps to accommodate 
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deformation incompatibilities at GBs. Therefore, once again, the consequence is that the local stresses 

induced initially by basal slip and subsequently by pyramidal slip can be different from those imposed by 

the field uniaxial loading, affecting additional accommodation deformation mechanisms and thus to 

ductility [117]. 

 

 

Fig. 4.7: IPF EBSD map and SEM micrographs corresponding to one selected grain showing the evolution of the slip 

traces morphology with the tensile strain. On the right-hand, it is included calculation of the 12 possible traces and 

determination of the active slip systems (dotted lines). 

 

 

Fig. 4.8: a) and b) SEM micrographs at different magnification showing pyramidal slip traces and slip transfer between 

two grains with a high misorientation angle of 42º, after a strain of ~15% at RT and 10-3 s-1. c) EBDS IPF map in the 

ND corresponding to the same area in (a). d) Single HCP cells showing the orientation of the two grains on both sides 
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of the grain boundary, and e) calculation of the 12 possible traces for the two selected grains, and assignment of the 

traces in (b) to pyramidal slip systems. 

 

 

Fig. 4.9: a) and b) EBDS IPF map in the ND corresponding to the same area before and after a tensile strain of ~10% 

at RT and 10-3 s-1, respectively; c) misorientation angle distribution across the dotted white arrow in b); d) SEM 

micrograph corresponding to the same grain in b) showing pyramidal slip traces and twins after tensile strain; e) Band 

contrast map corresponding to the EBSD IPF map in b) showing the twin boundaries; and f) calculation of the 12 

possible traces for the two selected grains, and assignment of the traces in (b) to pyramidal slip systems, and Schmid 

factors for each deformation mechanism. 

 

Another example of compression twin formation, now {10-11}–{10-12} double twins, within a grain 

hard for basal slip and associated to pyramidal slip is shown in Fig. 4.10. These types of {10-11}–{10-12} 

double twins present a misorientation angle in the 30-40º range with a dominant <-12-10> rotation axis 

[118]. After loading to ~10% strain, pyramidal slip traces and formation of tension and compression twins 

are observed. Both slip traces and twins are more clearly visible with straining up to ~15%. Additional 

tension twins can be observed near the boundaries of neighbouring grains, probably induced by local 

stresses. Meanwhile, the intense localization of deformation that results of the formation of new twins leads 

to damage development and in the long run to voids nucleation [113]. 

Finally, Figs. 4.11 and 4.12 show two examples of cross-slip of dislocations between pyramidal planes. 

In both cases, the SFs for basal slip are close to 0. In Fig. 4.11, SEM micrographs at two magnifications 
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show stepped slip lines close to the grain boundary after tensile testing at ~15% strain. The alignment of 

these traces is far from that for basal slip and instead, the wavy slip lines can be associated with cross-slip 

of pyramidal systems, as depicted by dotted lines in the representation of all the possible plane traces 

corresponding to the selected grain in Fig. 4.11d. On the other hand, in Fig. 4.12 non-basal slip is also found 

to be active and dislocation cross-slip is observed between non-basal planes, again evidenced by stepped 

slip lines (Fig. 4.12b). These findings would confirm the simulation predictions reported by Wu et al [99]. 

on the addition of solute elements decreases the cross-slip barrier for <c+a> dislocations, even for Zn solute 

that was reported to be counterproductive to ductility. In addition, Fig. 4.12b also shows pyramidal slip 

transfer between adjacent grains, which can be considered an additional mechanism to accommodate strain 

incompatibilities. Activation of slip transfer between grains and other differences regarding operative 

deformation mechanisms are likely to be due to the different grain neighbourhoods. 

 

 

Fig. 4.10: a) and b) EBDS IPF map in the ND corresponding to the same area before and after a tensile strain of ~15% 

at RT and 10-3 s-1, respectively; c-e) SEM micrographs corresponding to the same area in a) showing the evolution 

of slip traces and twins with tensile strain up to ~15%; f) calculation of the 12 possible traces for the two selected 

grain, and assignment of the traces in (e) to pyramidal slip systems; and g) Band contrast map corresponding to the 

EBSD IPF map in b) showing different twin boundaries. 

 



Chapter 4. Effect of pyramidal slip on ductility 

63 

 

 

Fig. 4.11: a) and b) SEM micrographs at two magnifications showing the interaction of pyramidal slip traces in a grain 

after a tensile strain of ~15% at RT and strain rate of 10-3 s-1. c) EBSD IPF map in the ND corresponding to the same 

area in a); and d) calculation of the 12 possible traces for the selected grain, and assignment of the traces in (a) to 

pyramidal slip systems, and Schmid factors for each potential deformation mechanism. 

 

 

Fig. 4.12: a) EBSD IPF map in the ND corresponding the Mg-2wt%Zn alloy after a tensile strain of ~15% at RT and 

strain rate of 10-3 s-1. b) SEM micrograph corresponding to the same area in a), showing the interaction of pyramidal 
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slip traces and slip transfer across the grain boundary. c) calculation of the 12 possible traces for the selected grains 

(1 and 2) at both sides of the GB, and assignment of the traces in (b) to pyramidal slip systems, and Schmid factors 

for each potential deformation mechanism. 

 

4.4 Discussion 

- Effect of Zn on non-basal slip and ductility 

It has been extensively reported [49,94] that one effective way to improve ductility and formability in 

Mg alloys is to improve the activity of non-basal dislocations due to basal slip only provides two 

independent slip systems. Previous studies [103,104] have shown that solid-solution additions have a strong 

hardening effect in basal slip, thus leading to enhanced non-basal slip activation. In particular, adequate 

solid-solution elements can significantly increase the degree of <c+a> dislocation cross-slip, which at the 

same time favors multiplication of easy-glide <c+a> dislocations. However, different controversial results 

have been published regarding the positive influence of Zn addition in Mg alloys on ductility and/or 

activation of non-basal slip mechanisms. 

In the current study, it has been demonstrated by EBSD-assisted slip trace analysis that for the Mg-

2wt%Zn alloy, non-basal <c+a> slip is increasingly activated upon strain (Fig. 4.3), and other deformation 

mechanisms such as twinning (Figs. 4.9 and 4.10), slip transfer (Figs. 4.8 and 4.12) and cross-slip (Figs. 

4.11 and 4.12) between pyramidal planes can also contribute to ductility, being induced by pyramidal slip. 

Pyramidal <c+a> slip allows to accommodate deformation along the c-axes that satisfies the Von Mises 

criteria and can explain the increased work-hardening and ductility during deformation (Fig. 4.1) of this 

alloy, in comparison with pure magnesium with similar texture and grain size [52]. The stress-strain curve 

(Fig. 4.1) shows a long-range of stable plastic flow at the quasi-static strain rate considered, which suggests 

that different plastic deformation mechanisms can be operative until the plastic instability is reached. 

These results indicate that at low strain levels (5-10%), deformation of the Mg-2wt%Zn alloy in tension 

is mainly controlled by basal slip (Fig. 4.2), which is consistent with the low CRSS of basal slip in 

comparison to that of non-basal systems [119]. Despite the strong rolling initial texture (Fig. 4.2), a 

noticeable number of grains are well aligned for basal slip, due to the low CRSS of this slip system. This 

initial deformation by basal slip, together with increasing strain, induce progressively local stresses high 

enough to modify the local resolved shear stresses in poorly aligned grains for non-basal slip, which leads 

to activation of secondary deformation mechanisms, such as <c+a> pyramidal slip, cross-slip and slip 

transfer between pyramidal planes. It has been reported that activation of <c+a> dislocations is even more 
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critical at the later stages of deformation (>10%), as observed in the current study, where further extension 

twinning is limited. The gradual activation of these secondary deformation mechanisms upon strain helps 

to accommodate incompatibilities between grains poorly oriented for basal slip and thus contributes to 

increasing the ductility of this alloy. The SF distributions (Fig. 4.4) with respect to the global external stress 

corresponding to the pyramidal <c + a> traces detected in the Mg-2wt%Zn alloy with strain demonstrates 

that the local stresses between deforming grains are very different from the global uniaxial tensile stress 

state, as evidenced by the activation of twinning and non-basal systems with a relatively low Schmid factor. 

Finally, these results show that since the local stress states affect slip activity, the frequency of secondary 

accommodation mechanisms will depend on the microtexture, i.e., local arrangements between neighboring 

grains, which should be optimized during processing in order to achieve magnesium alloys with good 

ductility. 

 

4.5. Conclusions 

This chapter aims to investigate the effect of alloying with Zn on the activation of non-basal slip 

systems, especially 〈c+a〉 slip, and the ductility with increasing tensile strain. With that purpose, a Mg-

2wt%Zn alloy with an average grain size of ~36 µm, has been characterized by EBSD-assisted slip trace 

analysis at different plastic strains of ~5, 10, 15% and fracture. The main conclusions of this chapter are the 

following: 

1. Mg-2wt%Zn alloy shows a high activity of pyramidal <c+a> slip at RT, especially at high strain 

level, which significantly enhanced room temperature ductility and work-hardening in comparison with 

pure Mg. In particular, at low strains (~5 and 10%), basal slip appears to be the dominant deformation 

mechanism. However, with increasing strain (~15% and close to fracture), the activity of non-basal slip 

modes, especially pyramidal slip, increases, which can be associated to hardening of basal slip by Zn in 

solid-solution. 

2. Activation of pyramidal slip with increasing strain induces progressively local stresses high enough 

to activate other secondary deformation mechanisms, such as compression twinning, cross-slip and slip 

transfer between pyramidal planes, all together contributing to accommodate deformation. 

3. The results also demonstrated that activation of pyramidal slip induces vacancies and partial 

dislocations, i.e., local stresses, which supply the stress fields and Burgers vector combinations for 

activation of secondary mechanisms such as compression twinning that contribute to increase ductility and 

formability of Mg alloys. 
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Chapter 5 

Effect of Zn and Al solution alloying and ductility at moderate temperature 

5.1 Introduction 

Solid solution alloying has proven somewhat effective to enhance the strength and the ductility of Mg 

alloys and to improve their formability at moderate temperature. However, the fundamental mechanisms 

originating these beneficial effects and not well known. In particular, the influence of solid solution 

additions on the activity of individual deformation mechanisms remains poorly understood. 

The purpose of this chapter is to investigate the influence of Zn and Al solutes (in concentrations 

ranging from 1 to 2 wt.%) on the tensile deformation modes and on their contribution to ductility during 

deformation of binary Mg alloys at 150 and 250ºC and at quasi-static strain rates. EBSD -assisted slip trace 

analysis has been utilized to quantitatively assess the influence of the mentioned solutes on the relative 

activities of various slip systems. In addition, grain boundary segregation and local strain heterogeneities 

have been characterized and compared with those corresponding to pure magnesium polycrystals with 

similar grain size and texture. 

 

5.2 Experimental procedure 

In order to analyze the effect of solid solution on ductility and on the activation of individual 

deformation mechanisms at moderate temperatures, four solid solution polycrystalline Mg-Zn and Mg-Al 

binary alloy ingots containing 1 and 2 wt.% solute atoms were subjected to hot rolling and subsequent 

annealing to generate polycrystals with similar average grain size and with similar basal-type textures for 

each composition. The grain size is designed to be similar to that corresponding to pure Mg analyzed in a 

previous study (d~ 13 µm) [75], in order to compare and assess the influence of solutes. The annealing 

conditions ranged between 300ºC for 5-10 min for the Mg-Zn alloys and between 350ºC for 5-20 min for 

the Mg-Al alloys. More precise details about the processing are given in Chapter 2. 

The microstructure, microtexture, and macrotexture were analysed by SEM, EBSD and XRD, 

respectively. The activity of the different slip systems after tensile testing at 150ºC and at 250ºC was 

evaluated in pure Mg and in the alloys by EBSD-assisted slip trace analysis, following the experimental 

procedure described in Chapter 2. The density of geometrically necessary dislocations (GNDs) was 

obtained from EBSD misorientation data with the help of the ATEX [120], which calculates the 

misorientation between a reference pattern and each point within a selected region. The EBSD-GND maps 
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are then related to the local dislocation content. Finally, the microstructure of the binary Mg alloys, as well 

as the presence of GB solute segregation are also analyzed by high-angle annular dark-field scanning 

transmission electron microscopy (HAADF-STEM) and by energy dispersive X-ray spectroscopy (EDX) 

in a Talos F200X FEI TEM operating at 200 kV. Specimens for TEM observation were prepared by ion 

milling and a trenching-and-lift-out technique, as described in great detail in Chapter 2. 

 

5.3 Results 

5.3.1 Microstructure of pure Mg and of the Mg-Zn and Mg-Al binary alloys 

The microstructures of the pure Mg and of the four binary Mg-Zn and Mg-Al alloys (with 1 and 2 wt.% 

alloying content) fabricated for the present study are illustrated in Fig. 5.1 by means of several EBSD 

inverse pole figure (IPF) maps in the ND. High angle boundaries (θ>15º) are colored in black. The average 

grain size, d, measured by the linear intercept method on the EBSD maps, is similar in all materials (10 μm 

<d<14 μm). The IPF EBSD maps reveal that the microstructures of the pure Mg and of the binary alloys 

are equiaxed and have a homogenous grain size distribution. 

They consist mainly of high-angle grain boundaries, which suggests the occurrence of recrystallization 

during hot processing and annealing. The XRD macrotextures corresponding to pure Mg and to all four 

binary alloys are also shown as insets in Fig. 5.1 by means of the (0001) direct pole figures. Both the pure 

Mg and the alloys present similarly strong basal textures, with <0001> poles tilted a few degrees away from 

ND towards RD, as has been commonly observed in rolled magnesium alloys [81]. The average Schmid 

factors for basal slip (SF basal), assuming a tensile stress along RD, are also included in Fig. 5.1 as insets 

for each investigated composition. It can be seen that SFbasal values are very similar for all the investigated 

materials. In particular, they fall within the range (SFbasal ~0.222-0.231) for the binary alloys and are slightly 

lower for pure Mg (SFbasal ~0.204). 

The correlated and uncorrelated distributions of misorientation angles corresponding to pure Mg and 

to each alloy composition are shown in Fig. 5.2. Correlated measurements consider the misorientation 

between each scanned point and its nearest neighbors while in uncorrelated measurements the 

misorientation is calculated with respect to a reference grain. As is characteristic of hot rolled Mg and Mg 

alloys, all eight histograms present a maximum frequency of boundaries with misorientation angles close 

to 30º [52]. The fraction of grain boundaries with θ<30º (fθ <30º ) in the correlated distribution, which is 

indicative of the degree of clustering of grains with similar orientations [57], is 61% in pure Mg, 49% in 
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the Mg-1%Zn alloy, 45% in the Mg-2%Zn alloy, 44% in the Mg-1%Al alloy, and 45% in the Mg-2%Al 

alloy. Thus, the addition of solutes reduces significantly the degree of orientation clustering. 

 

 

Fig. 5.1: EBSD IPF maps in the ND and XRD {0001} pole figures corresponding to the investigated polycrystalline 

materials. The average grain size values are included as insets in each map. a) Pure Mg; b) Mg-1 wt.% Zn; c) Mg-2 

wt.% Zn; d) Mg-1 wt.% Al; e) Mg-2 wt.% Al. 

 

The microstructure of the Mg-1wt.% Zn (Figs. 5.3a, b) and Mg-1wt.% Al (Figs. 5.3c, d) solid solutions 

is analyzed at higher magnification by HAADF STEM and by EDX. Two or three GBs have been analyzed 
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per sample. Altogether, these imaging techniques evidence the occurrence of segregation of Zn and Al 

atoms at grain boundaries (highlighted with white arrows in Figs. 5.3a and 5.3c) during hot rolling, which 

is in agreement with other previously reported studies [121–123]. Some works have reported [124] that 

solute segregation is an energetically favorable process that leads to a decrease in the energy of grain 

boundaries, thus effectively reducing their mobility and causing uniform grain growth during 

recrystallization. However, a few other studies [65,125] concluded that Zn atoms do not segregate or have 

a low grain boundary segregation tendency. These discrepancies could be reconciled by hypothesizing that 

atomic segregation depends on the GB type, on the alloy composition and the specific alloying species, as 

well as on temperature [65]. 

 

 

Fig. 5.2: a) Correlated and b) uncorrelated misorientation distribution histograms corresponding to pure Mg, Mg-Zn, 

and Mg-Al binary alloys. 
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Fig. 5.3: Grain boundary segregation in (a, b) Mg-Zn and (c, d) Mg-Al alloys. For each alloy, HAADF micrographs 

(a,c) and EDX maps of the corresponding solute element (b, d) are shown. 

 

5.3.2 Effect of solutes on the mechanical response at moderate temperatures 

Fig. 5.4 depicts the tensile true stress-true plastic strain curves of the pure Mg (Fig. 5.4a) and of the 

binary Mg-Zn (Fig. 5.4b) and Mg-Al alloys (Fig. 5.4c) deformed until failure at 150ºC and 250ºC at an 

initial strain rate of 10 -3 s -1. It is shown for each material composition that, as expected, raising the testing 

temperature gives rise to a decrease in the yield (σ0.2) and maximum (σUTS) strengths and in general to an 

increase in ductility. 

The addition of solutes does not lead to major changes in the mechanical strength at each temperature. 

The σ0.2 values for pure Mg at 150ºC and 250ºC are 60 and 50 MPa, respectively, while the average σ0.2 

values for the alloys at the same temperatures are 65 MPa and 37 MPa. However, solute addition does have 

a positive influence in the ductility. While the solid solution alloys exhibited no signs of mechanical 

instability up to very high strains, the flow curves corresponding to pure Mg show much higher work 

hardening ability, especially at 150ºC, with clear evidences of plastic instability, which is known to be 

detrimental for ductility. The origin of the instabilities observed in pure magnesium at high temperature 

could be associated with clusters of grains well oriented for basal slip that form during the rolling process, 

as will be described below, which lead to pronounced slip localization and to the formation of shear bands. 
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The largest plastic strains (plastic) are measured in the Mg-1 wt.% Zn and Mg-2 wt.% Zn alloys at 250ºC 

(plastic ~75% and 70%, respectively). These values are significantly higher than those measured in pure Mg, 

which amounted to 12% at 150ºC and to 20% at 250ºC. 

 

 

Fig. 5.4: Tensile true stress-true plastic strain curves corresponding to a) pure Mg, b) Mg-Zn alloys (1 and 2 wt.% Zn) 

and c) Mg-Al alloys (1 and 2 wt.% Al) deformed at 150 and 250ºC and at initial strain rate of 10-3 s-1. 

 

5.3.3 Effect of solutes on high temperature slip activity 

The activity of the different slip systems after a tensile strain of ~10 % at 150ºC and at 250ºC has been 

evaluated quantitatively in pure Mg and in the Mg-Al and Mg-Zn alloys by EBSD-assisted slip trace 

analysis with the aim of determining the effect of the addition of solutes and of temperature. More than 100 

slip traces per composition were analyzed. Figs. 5.5 and 5.6 illustrate the morphology of slip traces in Mg-

Al and Mg-Zn alloys, respectively, after tensile testing at 150 and 250ºC up to a strain of ~10%. Traces in 

the grain mantle regions, which usually reflect the local activation of multiple slip systems to maintain 

strain compatibility at grain boundaries, and which often possessed an ill-defined or wavy nature, are not 

taken into account for this analysis.  
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Fig. 5.5: SEM micrographs illustrating the morphology of slip traces in the Mg-1 wt% Al and Mg-2 wt% Al after 

tensile testing at 150ºC and 250ºC up to a strain of ~10%. 

 

 

Fig. 5.6: SEM micrographs illustrating the morphology of slip traces in the Mg-1 wt% Zn and Mg-2 wt% Zn after 

tensile testing at 150ºC and 250ºC up to a strain of ~10%. 
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The frequencies of the basal and non-basal traces corresponding to each alloy and to pure Mg [75] are 

plotted in Fig. 5.7. It can be seen that, in pure Mg, deformed at 150ºC, approximately 74% of traces 

correspond to basal slip, while the contribution of non-basal systems (prismatic plus <c+a> pyramidal slip) 

is observed to be around 26%. When the testing temperature is increased to 250ºC the frequency of basal 

traces decreases to 58% and the frequency of non-basal traces increases to 42% [75]. This is consistent with 

the well known decrease of the CRSS of non-basal systems with increasing temperature. Second, in all the 

binary Mg alloys tested at 150ºC, an average of 98% of traces correspond to basal slip and non-basal activity 

is observed to be negligible (2%). When the testing temperature is raised to 250ºC, basal slip continues to 

be the main deformation mechanism in the four binary alloys under investigation, with an incidence close 

to 95%, and the contribution of non-basal systems remains below 5%. An exception to this behavior is the 

Mg-2wt.%Zn alloy, where the incidence of basal slip decreases to 85% and that of non-basal systems 

increases up to 15% (Fig. 5.7a). Nevertheless, in general, these results show that the addition of solutes 

leads to a comparatively higher activity of basal slip at the moderate temperatures investigated. 

 

 

Fig. 5.7: Frequency of basal and non-basal slip traces in pure Mg and in the binary alloys after tensile deformation 

along RD to a strain of 10 % at 150 and 250ºC and at an initial strain rate of 10-3 s-1. a) Pure Mg and Mg-Zn alloys (1 

and 2 wt.% Zn) and b) Mg-Al alloys (1 and 2 wt.% Al). 

 

Fig. 5.8 and Fig. 5.9 show the SF distribution histograms with respect to the global external stress 

corresponding to grains in which basal, prismatic, and pyramidal <c+a>, traces are detected in pure Mg and 

in Mg-Zn (Fig. 5.8) and Mg-Al alloys (Fig. 5.9) after a tensile strain of 10% at 150 and at 250ºC. In addition, 

the orientations of the grains in which basal and non-basal slip traces are detected are depicted in {0001} 
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pole figures by means of blue and red dots, respectively. These results show that in general, and irrespective 

of composition, most basal slip traces are detected in grains with SFbasal higher than 0.3, indicating that 

basal slip is predominantly activated in response to the applied stress. However, non-basal traces are 

observed in grains with a wide range of SFsnon-basal, suggesting that prismatic and pyramidal slip systems 

act both in response to the applied stress as well as accommodation mechanisms in response to local stresses 

developed during straining [85]. 

 

 

Fig. 5.8: Schmid factor distribution corresponding to grains in which basal (light blue), prismatic (yellow), and 

pyramidal (green) traces were detected after a tensile strain of 10% along RD at the two temperatures investigated. 

(a,c) Mg-1 wt.% Al, (b,d) Mg -2 wt.% Al). The {0001} pole figures included as insets indicate the orientation of the 

grains in which basal (blue) and non-basal (red) traces were found. 

 

Figs. 5.10, 5.11, and 5.12 show selected areas of the deformed gage length and their corresponding 

EBSD-derived GND maps for pure Mg (Fig. 5.10) and for the Mg-Zn (Fig. 5.11) and Mg-Al (Fig. 5.12) 

alloys after a tensile strain of ~10 % at 150ºC and 250ºC. It must be noted that, in these post-mortem 

measurements, only the presence of the GNDs that remain after deformation is captured [125]. The GND 

density gives a measure of the local stresses. In pure Mg, irrespective of temperature (Fig. 5.10), GNDs are 

seen to accumulate along transgranular bands as a consequence of high-stress localization, which ultimately 

appears to lead to cracking and early fracture [126], as evidenced by the presence of non-indexed points (in 

black) in the vicinity of high GND density regions. In contrast, the deformed Mg-Zn (Fig. 5.11) and Mg-
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Al (Fig. 5.12) microstructures are characterized by a much more homogeneous GND distribution, in the 

absence of localized transgranular shear bands, at all the testing temperatures investigated. The GND 

density decreases significantly with increasing temperature, reflecting a higher prevalence of recovery 

processes. In summary, at the moderate temperatures investigated, the addition of solutes leads to a more 

homogeneous local stress distribution and prevents premature crack formation along transgranular bands. 

 

 

Fig. 5.9: Schmid factor distribution corresponding to grains in which basal (light blue), prismatic (yellow), and 

pyramidal (green) traces were detected after a tensile strain of 10% along RD at the two temperatures investigated. 

(a,c) Mg-1 wt.% Al, (b,d) Mg -2 wt.% Al). The {0001} pole figures included as insets indicate the orientation of the 

grains in which basal (blue) and non-basal (red) traces were found. 
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Fig. 5.10: SEM micrographs and EBSD-GND density maps corresponding to pure Mg after tensile testing at (a) 150ºC 

and (b) 250ºC up to a strain of ~10%. The black areas correspond to unindexed regions or to microcracks. 

 

 

Fig. 5.11: SEM micrographs and the corresponding EBSD-GND density maps for (a,b) Mg-1 wt.% Zn and (c,d) Mg-

2 wt.% Zn after tensile testing at (a,c) 150ºC and (b,d) 250ºC up to a strain of ~10%. 
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Fig. 5.12: SEM micrographs and the corresponding EBSD-GND density maps for (a,b) Mg-1 wt.% Al and (c,d) Mg-

2 wt.% Al after tensile testing at (a,c) 150ºC and (b,d) 250ºC up to a strain of ~10%. 

 

The origin of the transgranular bands of high GND density can be appreciated in Fig. 5.13. This figure 

illustrates the EBSD GND density maps at higher magnification corresponding to selected areas of the gage 

length of pure Mg (Fig. 5.13a) and of the Mg-1wt.% Zn alloy (Fig. 5.13b) after tensile testing at 150ºC and 

a strain of ~10%. It can be seen that, in pure Mg, the observed basal slip traces lie on clearly defined slip 

bands that are indicated by dotted lines. These bands are formed by “soft grains” that are both well oriented 

for basal slip (high SFbasal) and relatively large in size [76], and which therefore contain a low GND density. 

In contrast, in the grains that are adjacent to the slip band, which are poorly oriented for basal slip, a higher 

GND density is present (red regions) as the need to preserve boundary continuity leads to a higher degree 

of lattice curvature [37,127]. The presence of such high stress regions in the vicinity of the basal slip bands 

acts as a precursor to crack initiation. Indeed, slip localization is well known to be related to early fracture 

[52,128]. It appears that the presence of the mentioned high stress regions may be the origin of the relatively 

high incidence of hard non-basal slip in pure Mg (Fig. 5.7). On the other hand, in accordance with Figs 5.11 

and 5.12, Fig. 5.13b provides a higher magnification view of the more homogeneous distribution of strain 

in the solid solution alloys. The presence of solutes appears to prevent the formation of transgranular basal 

slip bands, and thus to avoid the accumulation of high stresses in highly localized regions. It seems 

reasonable, then, to assume that the observed low incidence of hard non-basal slip in the solid solution 

alloys (Fig. 5.7) may be related to the more homogeneous distribution of basal slip. 
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Fig. 5.13: SEM micrographs and GND density maps overlapped on the same areas corresponding to (a) pure Mg (b) 

Mg-1wt%Zn after tensile testing at 150ºC up to a strain of ~10%. 

 

Fig. 5.14 illustrates the EBSD IPF maps in the ND corresponding to all the studied materials after 

tensile testing at 150ºC at an initial strain rate of 10-3 s -1 and up to a strain close to fracture, which amounts 

to 13% in pure Mg and to 50-60% in the alloys (see insets in Fig. 5.14). It can be seen that, while grains in 

pure Mg retain a relatively equiaxed shape at fracture, significant grain elongation in the direction of the 

tensile axis is observed in the binary alloys due to the much larger strains to fracture recorded. The presence 

of a small fraction of fine, equiaxed grains at the grain boundaries at strains close to fracture in the binary 

alloys (Figs. 5.14c and e) reflects an incipient, but still limited, occurrence of recrystallization [129]. As 

expected, tensile twins are absent at these moderate temperatures, in agreement with the fact that twinning 

becomes less frequent with increasing temperature, and also due to the strong basal texture present in the 

current alloys. Fig. 5.15 shows the corresponding inverse pole figures (IPFs) in the tensile direction after a 

strain of ~10% and up to fracture. The gradual strengthening of the <11-20> pole with strain in the alloys 

is consistent with the operation of basal slip [102] and confirms the limited degree to which recrystallization 

takes place at 150ºC, even at relatively large strains [48,130]. 
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Fig. 5.16 illustrates the EBSD IPF maps in the ND corresponding to all the studied materials after 

tensile testing at 250ºC at an initial strain rate of 10-3 s -1 and up to a strain close to fracture, which amounts 

to 24% in pure Mg, to 70-78% in the Mg-Zn alloys, and to 54-63% in the Mg-Al alloys. In pure Mg, the 

presence of wavy boundaries is indicative of the early stages of recrystallization. In the binary alloys, the 

absence of elongated grains at failure is consistent with the occurrence of dynamic recrystallization (DRX) 

and grain growth, as is commonly observed in Mg alloys at this temperature [131]. Grain growth is more 

pronounced in Mg-Zn than in Mg-Al alloys, likely due to the larger strains to failure attained [132]. Fig. 

5.17 depicts the IPFs showing the orientation of the tensile axis before and after testing of all the materials 

investigated at 250ºC up to 10% and up to fracture. In all cases, a clear intensity maximum appears around 

the <11-20> pole after a tensile strain of 10%, consistent with the operation of basal slip, and then this 

maximum gradually fades as strain progresses due to the simultaneous occurrence of DRX. 

 

 

Fig. 5.14: EBSD IPF maps in the ND after tensile testing at 150ºC at an initial strain rate of 10-3 s-1 and up to a strain 

close to fracture. a) Pure Mg; b) Mg-1 wt.% Zn; c) Mg-2 wt.% Zn; d) Mg-1 wt.% Al; e) Mg-2 wt.% Al. 
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Fig. 5.15: Inverse pole figures in the tensile direction corresponding to the (a) pure Mg and binary (b,c) Mg-Zn and 

(d,e) Mg-Al alloys before and after tensile testing at 150ºC up to a strain of ~10% and up to fracture (F). 
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Fig. 5.16: EBSD IPF maps in the ND after tensile testing at 150ºC at an initial strain rate of 10 -3 s -1 and up to a strain 

close to fracture. a) Pure Mg; b) Mg-1 wt.% Zn; c) Mg-2 wt.% Zn; d) Mg-1 wt.% Al; e) Mg-2 wt.% Al. 
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Fig. 5.17: Inverse pole figures in the tensile direction corresponding to the (a) pure Mg and binary (b,c) Mg-Zn and 

(d,e) Mg-Al alloys before and after tensile testing at 250ºC up to a strain of ~10% and up to fracture (F). 
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5.4 Discussion 

This study reports the effect of solid solution on ductility and deformation mechanisms at moderate 

temperatures in Mg-Zn and Mg-Al alloys containing 1 and 2 wt.% of solute atoms. As shown in Fig. 5.4, 

the addition of Al and Zn atoms to pure Mg enhances ductility at high temperature. 

Earlier studies have attributed the ductility increase associated with the addition of solutes to a higher 

incidence of non-basal systems [65,91,125]. For example, some studies [60,91,133] report a more intense 

activity of non-basal dislocation slip due to the fact that solutes improve the cross-slip probability of basal 

dislocations onto prismatic planes. The good ductility of Mg-Zn solid solutions has also been associated 

with the activation of <c+a> slip due to the minimization in the difference in binding energy and thus in 

CRSS anisotropy between slip systems [4]. However, the results of the present thesis do not support the 

theory that a higher incidence of non-basal slip contributes to enhanced ductility. On the contrary, it has 

been shown that the ductility is significantly higher in the alloys than in pure Mg (Fig. 5.4), despite the fact 

that the incidence of non-basal systems at the two temperatures investigated is considerably higher in the 

latter (Fig. 5.7). 

It might also be speculated that the high ductility observed in the Mg alloys is due to the enhanced 

activity of grain boundary sliding (GBS). However, earlier research has shown that in pure Mg and in Mg 

alloy polycrystals with similar microstructure as that of the materials investigated here, GBS activity is 

negligible. In particular, former studies based on strain-rate-change tests [75] have demonstrated that, even 

at 250ºC, the stress exponent of pure Mg polycrystals with the same grain size and texture as those of  the 

present study, at a strain rate of 10 -3 s -1, is higher than 5. According to the well-established understanding 

of creep [134], such a stress exponent value indicates that deformation is controlled by dislocation slip, and 

that the contribution of GBS is minimal. Moreover, alloying additions are known to increase the stress 

exponent [135] and, thus, to reduce the likelihood of GBS activation. Finally, it is also known that GBS 

resistance increases with solute segregation [136] due to the associated decrease in grain boundary energy, 

as indicated by the Gibbs adsorption equation. In summary, the observed ductility increase at moderate 

temperatures in the Mg alloy polycrystals can also not be attributed to an enhanced GBS activity. 

These results prove, however, that the higher ductility observed in the Mg alloys can be attributed to 

a more homogeneous strain distribution (Figs. 5.11 and 5.12) and to the absence of slip localization along 

transgranular basal slip bands, which triggers cracking and early fracture in pure Mg (Fig. 5.10). In 

agreement with the room temperature results described in Chapter 3 [57], the absence of localized basal 

slip bands in the alloys at the moderate temperatures investigated may be at least partially attributed to the 

lower degree of clustering of orientations (Fig. 3.13), which would hinder basal slip transfer. The solid 
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solution alloys can thus accommodate a larger amount of strain, which at a high temperature of 250ºC 

induces DRX, a mechanism that also contributes to enhanced ductility (Fig. 5.16). Therefore, although five 

slip systems are required for achieving homogeneous deformation, fewer systems can also accommodate 

the imposed strain if neighboring grains deform in a compatible way, as observed in the Mg-Zn and Mg-Al 

alloys. 

Another factor that might contribute to impeding basal slip transfer in the alloys is the occurrence of 

GB segregation (Fig. 5.2) [137]. It has been reported that the main driving force for segregation of solute 

atoms along GBs is the minimization of the elastic strains of the dislocations in GBs induced by size misfit 

between solute atoms and Mg [92]. This segregation results in a considerable reduction of GB energy. It is 

known that low energy grain boundaries constitute strong obstacles to slip transfer and dislocation 

nucleation [138]. Finally, slip transfer might also be more limited in the alloys because defects such as 

dislocations and vacancies interact attractively with solute atoms, promoting diffuse slip within the grains 

and therefore decreasing the local stress state on GBs and the constraints in the surrounding grains. 

 

5.5 Conclusions 

In this chapter the effect of solid solution alloying on the tensile ductility and on the active deformation 

mechanisms at moderate temperatures (150ºC and 250ºC) and quasi-static strain rates (10-3 s -1) in Mg-Zn 

and Mg-Al alloys containing 1 and 2 wt.% of solute atoms have been investigated. With that purpose, four 

polycrystalline Mg-Zn and Mg-Al alloys are rolled and annealed at the appropriate conditions to design 

microstructures with similar grain sizes, textures and misorientation distributions, and their behavior is 

compared to that of similar pure Mg polycrystalline samples. The incidence of basal, prismatic and 

pyramidal <c+a> slip is estimated by EBSD-aided slip trace analysis for all the testing conditions 

investigated. The following conclusions may be drawn: 

1. The addition of solutes does not lead to major changes in the mechanical strength at the investigated 

temperatures with respect to pure Mg. However, the ductility is significantly higher in the alloys than in 

pure Mg, especially at 250ºC. 

2. Basal slip is the dominant deformation mechanism in all the solid solution Mg-Zn and Mg-Al alloys 

investigated, irrespective of composition and testing temperature. The incidence of non-basal systems 

(prismatic and pyramidal) is considerably lower in the Mg alloys than in pure Mg. Thus, contrary to what 

has been reported earlier, the higher ductility observed in the alloys can´t be attributed to an enhancement 

of non-basal activity due to solute addition. 
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3. The higher ductility observed in the alloys can be attributed to the following factors: i) a more 

homogeneous strain distribution associated with a lower degree of orientation clustering, which hinders 

basal slip localization and transfer along transgranular slip bands; ii) the occurrence of segregation of Zn 

and Al atoms at grain boundaries, which decreases the grain boundary energy and also contributes to 

impeding basal slip transfer; iii) an enhancement of diffuse slip due to the interaction of dislocations and 

vacancies with solute atoms at grain interiors, which, in turn, might decrease the local stress state on GBs 

and the constraints in the surrounding grains. 

4. All the above-mentioned factors facilitate the accommodation of a larger amount of deformation, 

thus allowing the alloys at 250ºC to reach the critical strain at which dynamic recrystallization occurs. The 

onset of DRX further contributes to increasing ductility at this temperature. 
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Chapter 6 

Atomic scale interactions of basal dislocations and twin boundaries with 

ultrathin precipitates  

6.1 Introduction 

Precipitation hardening in Mg alloys is much less effective than in other metallic systems, such as Al 

alloys, in which the main dislocation-particle interaction mechanism is Orowan looping. Recent studies 

have attributed this poor age hardening performance to the capacity of basal dislocations, which are the 

main strain carriers for most Mg alloys under a vast majority of testing conditions [139], to shear 

precipitates [68,70]. The high interfacial coherency between the lattice and the precipitates reportedly 

favors such shearing events to the extent that, in some systems, basal dislocations have been observed to 

cut through precipitates with a length exceeding 150 nm [71]. The capability of non-basal dislocations to 

shear precipitates has remained controversial. Understanding the dislocation-particle interactions at an 

atomic scale is of critical importance [140] in order to design precipitates that can provide a larger 

strengthening contribution to Mg alloys. Earlier works have proposed design strategies consisting on 

generating shear resistant particle-matrix interfaces [71] or particles with high anti-phase boundary energies 

[141]. Atomic scale precipitate design is still in its infancy. 

The effect of precipitates on twinning in Mg alloys is even more complex, as twins may be considered 

as three-dimensional “defects” whose development is governed by three different atomistic processes, 

including nucleation, propagation (movement of the twin front until it is arrested at a grain boundary, 

another twin or a precipitate) and growth (thickening) The complexity of precipitate-twin interactions in 

magnesium alloys is further accentuated by the serrated nature of twin boundaries, which has been recently 

evidenced in high resolution transmission electron microscopy [142,143] and MD simulation [144–146] 

studies. {10-12} Twin boundaries are formed by coherent twin boundary (CTB) segments, which constitute 

the largest boundary area fraction in twins beyond the nucleation and propagation stages, as well as by 

basal-prismatic (BP) interfaces, which are parallel to the basal plane of the matrix, and by prismatic-basal 

(PB) interfaces, which are parallel to a prismatic plane of the matrix. BP and PB facets form by the pile-up 

of {10-12} twinning disconnections [147]. The latter are glissile defects with a high mobility that possess 

a small Burgers vector and a step of two planes height [148]. Twinning disconnections tend to nucleate at 

the intersections between BP/PB interfaces and CTBs, and their propagation has been found to control the 

twin boundary motion [149]. The structural complexity of twin boundaries may be further increased by 

alloying, as individual solutes [150,151] and solute clusters [152] have been observed to segregate to CTBs. 
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Understanding the interaction between twin boundaries and precipitates requires a detailed analysis of the 

mechanisms that operate at the atomic level, which are currently lacking. 

The aim of this Chapter is to investigate the interaction between basal dislocations as well as twin 

boundaries with ultrathin precipitates at the atomic level. With that purpose, a Mg-1Mn-1Nd-3Zn (wt.%) 

alloy was processed by casting and annealing in order to develop a dense distribution of basal disk-shaped 

precipitates with a thickness of a few atomic layers. A combined experimental approach including room 

temperature micromechanical testing and high-resolution transmission electron microscopy was utilized. 

 

6.2 Experimental procedure 

The material employed in this study is an age hardenable Mg alloy whose chemical composition is 

Mg-1.0 wt.% Mn-1.0 wt.% Nd-3.0 wt.% Zn. In the following, for simplicity, it will be termed MN11+3Zn 

alloy. This new alloy has been processed by gravity casting in an induction furnace under a protective Ar 

atmosphere from a mixture of high purity (99.99 wt.%) Mg, Mn, Nd, and Zn pellets. To achieve a 

homogeneous composition and to develop the desired grain size, the resulting ingot was later homogenized 

at 540oC for 8 h. Afterwards, the homogenized alloy was aged during 2 h at 275oC (peak aging) followed 

by water quenching. Block shaped specimens with a size of 15 mm (length) x 10 mm (width) x 3 mm 

(thickness) were cut from the peak aged material. 

The weakly-textured polycrystalline microstructure of the peak aged alloy, which is illustrated in Fig. 

6.1, was analyzed by EBSD. The parameters used to perform the EBSD measurements were a step size of 

5 µm, an accelerating voltage of 18 kV, and a beam current of 2.7 nA. The average grain size determined 

by linear intercept in the EBSD map was ~155 μm. 

The distribution and composition of the precipitates resulting from the aging treatment, as well as their 

morphology and size, were characterized by high resolution TEM and STEM, both in the bright field (BF) 

and scanning transmission (STEM) modes. Sample preparation for TEM consisted on the extraction of thin, 

electron-transparent, lamellae by focused ion beam (FIB) milling, as described in Chapter 2. Lamellae were 

milled parallel to both the (11-20) and (0001) planes to facilitate a better assessment of the morphology of 

the precipitates. 

Two grains with carefully selected orientations were chosen in the polycrystalline MN11+3Zn alloy 

for a micromechanical testing study in order to investigate the interactions between basal dislocations and 

twin boundaries with nanoprecipitates. These two grains, whose Euler angles and Schmid factors are 

summarized in Table. 6.1, have been labeled in Fig. 6.1 using the corresponding numbers. In grain 1 the 
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Schmid factor for basal slip is high (SFbasal= 0.4483) and thus it is expected that basal dislocations will be 

the main strain carrier; in grain 2 the Schmid factor for basal slip is low (SFbasal= 0.1061) and the Schmid 

factor for tensile twinning is large (SFtwinning= 0.4933), and thus it is expected that the latter will dominate. 

 

 

 

Fig. 6.1: EBSD inverse pole figure map in the normal direction (ND) illustrating the microstructure of the peak aged 

MN11+3Zn alloy. The map has been colored according to the legend included as an inset. The two grains that were 

selected for the micromechanical study are labeled using the corresponding numbers. The orientation of the ND of 

those two grains, which is parallel to the compression axis, is also indicated in the inset. 

 

Square micropillars with a side-length of 5 μm and an aspect ratio of approximately 2.2 are 

micromachined by FIB in the interior of the two selected grains using the milling procedure described in 

Chapter 2. 

Compression of the micropillars was carried out under ambient conditions on a Hysitron TI950 

Triboindenter™ furnished with a 10x10 μm2 diamond flat punch tip. Tests were performed at a strain rate 

of 10-3 s-1, in the displacement control mode, and they were stopped at an engineering strain of 

approximately 10 %. In grain 2, tests were also carried out up to a strain of 3% in order to monitor twin 

propagation. SEM imaging of the micropillar surfaces of the pillars, before and after testing, was carried 

out in order to confirm the presence of basal slip traces (grain 1) and twins (grain 2). 

Finally, TEM lamellae were milled parallel to longitudinal sections of the deformed micropillars in 

order to investigate the interaction of basal dislocations (grain 1) and twin boundaries (grain 2) with 

precipitates at the atomic scale. TEM examination of such interactions was performed at high resolution 

using the imaging modes described above. 



Chapter 6. Atomic scale interactions of basal dislocations and twin boundaries with ultrathin precipitates 

89 

 

Table. 6.1: Euler angles and Schmid factors corresponding to the two selected grains. 

 

 

6.3 Results 

Fig. 6.2 illustrates the homogeneous distribution of nanoprecipitates at the grain interiors of the peak 

aged MN11+3Zn alloy by means of BF TEM micrographs captured along the <-2110> (Fig. 6.2a) and of 

HAADF-STEM images along the <0001> zone axes (Fig. 6.2b). The particles that exhibit a round shape in 

Fig. 6.2a and that appear as brighter spots in Fig. 6.2b are composed of Mn and they are not of interest for 

this work, as they are known to form in this alloy system prior to aging [153,154] and have a negligible 

strengthening contribution. The precipitates that will be the subject of investigation in this study are disks 

parallel to the basal plane, which are homogeneously distributed throughout grain interiors. They can be 

recognized by their needle morphology in Fig. 6.2a and appear as light gray spots in the background of Fig. 

6.2b. The average particle dimensions are a diameter of 15±4 nm and a thickness of approximately 0.6 nm. 

Further details of the atomic structure of the investigated particles can be appreciated in the HAADF-

STEM images of Figs. 6.3a and 6.3b, which are obtained along the <-1100> zone axis. It is shown there 

that precipitates are only a few atomic layers thick and that they are composed of three different atomic 

species, which appear with different gray tones in the HADDF-STEM micrograph of Fig. 6.3b. A TEM 

EDX-based composition analysis is conducted in the region imaged in Fig. 6.3a, and the results are depicted 

in Figs. 6.3c-3f by means of single element compositional maps. Fig. 6.3g illustrates the element 

distribution plot corresponding to the region highlighted using a red rectangle in Fig. 6.3a. This analysis 

reveals, indeed, that particles are enriched with Nd and with Zn. These three elements have been identified 

in the HAADF-STEM micrograph of Fig. 6.3b, where elements with higher Z numbers appear as brighter 

spots. The structure of the ultrafine grained precipitates resembles that described earlier in Mg-Gd-Zn alloys 

[155]. Fig. 6.3b also clearly evidences the high coherency of the matrix-particle interface. 

 

Grain 
Euler angles 

(1,,) 
SFbasal SFprismatic SFpyramidal SFtwinning 

1 57.0°, 54.1°, 49.3° 0.4483 0.3244 0.3085 0.1490 

2 82.8°, 96.1°, 32.7° 0.1061 0.4495 0.4833 0.4933 
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Fig. 6.2: (a) Bright field TEM micrographs illustrating the distribution of nanoprecipitates at the grain interiors of the 

peak aged MN11+3Zn alloy. Imaging was conducted along the (a) <11-20> and (b) <0001> zone axes. The 

corresponding SAD patterns are included as insets. Several arrows in the SAD patterns indicate the spots 

corresponding to the nanoprecipitates. 

 

In the following, the micromechanical study conducted in grain 1, where the basal plane forms an 

angle of 54° with respect to the compression axis (SF basal = 0.4483), and where therefore basal slip is 

expected to be the main strain carrier, will be described. In this grain, the compression axis is parallel to the 

[12-32] direction. Fig. 6.4a illustrates two representative engineering stress-strain curves corresponding to 

the micropillar compression tests performed in this grain, that are interrupted at a strain of 10%. Yielding 

is followed by moderate hardening and by a moderate stress decrease at a strain between 3 and 4%. At 

higher strains, the stress remains basically constant, as is commonly observed in pure Mg and Mg alloy 

single crystal macro and micropillars oriented favorably for basal slip [155,156]. Figs. 6.4b and 6.4c depict 

the surfaces of two compressed micropillars, imaged by SEM at different magnifications. As expected, 

basal slip is the dominant deformation mechanism, as revealed by the presence of a large number of basal 

slip traces, whose emergence at the pillar surfaces leads to the formation of surface steps of various heights. 

The critical resolved shear stress of basal slip (CRSSbasal), calculated as the product between the yield 

strength (~85 MPa) and SFbasal, amounts to 37 MPa. This value is significantly higher than that reported in 

earlier single macro and micropillar studies of pure Mg (~4-6 MPa [155,156]) and comparable to the values 

reported in micropillar studies of aged Mg alloys [157], which are summarized in Table 2. All the 

micropillar data included in this table have been collected from studies in which the pillar size is equal or 

larger than 5 μm, as smaller pillar sizes might lead to significant size effects[155,157]. 
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Earlier works on different peak aged Mg alloys with prismatic-plate/disk shaped precipitates have 

reported significant localization of basal slip during the compression of single crystalline micropillars that 

are well oriented for basal slip [71,156]. In such studies, basal slip concentrates in only a few planes and 

thus only a small number of traces are visible at the micropillar surfaces, each of which is associated to a 

sharp, relatively large surface step. In the MN11+3Zn alloy, however, basal slip is observed to be diffuse, 

i.e., a large number of basal slip traces, widely dispersed along the micropillar surfaces and involving only 

comparatively small surface steps, are visible (Fig. 6.4c). 

 

 

Fig. 6.3: (a,b) High resolution TEM images illustrating the atomic structure of the nanoprecipitates populating the 

peak aged MN11+3Zn alloy (<-1100> zone axis). (c-g) EDX-based analysis of the precipitate composition, conducted 

within the region highlighted with a red rectangle in Fig. 6.3a. 

 

TEM was carried out in order to examine the microstructure of the deformed grain 1 pillars at greater 

magnification to analyze the interaction of basal dislocations and particles. Fig. 6.5a provides an overview 

of the entire TEM lamella, which is milled along a longitudinal micropillar section parallel to the {-2110} 

plane. Several parallel basal slip traces traversing the entire pillar are clearly visible. Fig. 6.5b corresponds 

to a region of the deformed pillar that is located away from the basal slip traces, and it evidences that the 

nanoprecipitates remain homogeneously distributed in these undeformed areas. Figs. 6.5c and 6.5d, which 

depict two basal slip traces at higher magnification, reveal, however, apparent microsegregation of alloying 

elements to basal slip traces. This phenomenon is, indeed, observed in all the traces detected by TEM. Fig. 

6.6, which shows HAADF-STEM images of two slip traces, confirms the occurrence of microsegregation 
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and reveals the formation of precipitate free zones (PFZ), of approximately 160 nm in width, in the vicinity 

of the traces. PFZs are completely depleted of Mg-Nd-Zn disk-shaped nanoprecipitates, although a few 

Mn-based particles (round bright spots) remain present at distances of about 30 nm and higher. EDX-

mapping was carried out covering the PFZ and the surrounding matrix in order to investigate the nature of 

the segregated species and the result of this analysis is shown in Fig. 6.7. This figure, in which a STEM 

image of a slip trace (Fig. 6.7a) is accompanied by the corresponding Nd (Fig. 6.7b), Mn (Fig. 6.7c), and 

Zn (Fig. 6.7d) elemental composition maps, clearly demonstrates segregation of these three elements to the 

slip line. Fig. 6.8 illustrates HAADF-STEM (Fig. 6.8a) and BF (Fig. 6.8b) images of basal slip traces that 

are arrested at the micropillar interior. The presence of a homogeneous distribution of nanoprecipitates 

ahead of the slip bands clearly proves that the PFZs that form at both sides of the slip band are caused by 

the interaction of the moving basal dislocations and the disk-shaped nanoprecipitates lying on basal planes. 

 

 

Fig. 6.4: Micromechanical study in grain 1. (a) Engineering stress-strain curves. The inset represents schematically 

the orientation of the Mg lattice and of the precipitates (in blue) with respect to the compression axis (red arrow). (b,c) 

SEM micrographs at different magnifications illustrating the appearance of basal slip traces at the micropillar surfaces. 
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Table. 6.2: Critical resolved shear stress of basal slip in different aged Mg alloys and in pure Mg. 

 

 

 

 

 

 

Ref. Mg Alloy (wt.%) CRSSbasal (MPa) 

[155] Pure Mg (Single cristal) 4 

[158] Pure Mg (Micropillar) 6 

[71] 
Mg-1Mn-1Nd, aged 

(Micropillar, prismatic plates) 
31 

[157] 
Mg-5Gd-2Y-0.3Zr, aged 

(Micropillar, prismatic disks) 
35 

[72] 
Mg-5Zn, aged 149ºC 

(Micropillar, c-axis rods) 
55 

[72] 
Mg-5Zn, aged 204ºC 

(Micropillar, c-axis rods) 
35 

This 

work 

Mg-1Mn-1Nd-3Zn, aged 

(Micropillar, basal disks) 
37 
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Fig. 6.5: TEM BF micrographs (<-2110> zone axis) illustrating (a) an overview of the entire lamella, that was milled 

in grain 1 parallel to the compression axis, where the slip traces parallel to the basal plane are clearly visible, (b) the 

homogeneous distribution of nanoprecipitates in regions located away from the slip traces, and (c,d) segregation of 

alloying elements to basal slip traces. 
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Fig. 6.6: HAADF-STEM images evidencing segregation at two basal slip traces, and illustrating the presence of 

precipitate free zones in the adjacent regions. (Zone Axis=<-2110>). 

 

 

Fig. 6.7: (a) HAADF-STEM image of a basal slip trace and (b-d) the corresponding Nd (b), Mn (c), and Zn (d) EDX 

composition maps. (Zone axis: <-2110>). 
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Fig. 6.8: TEM imaging of basal slip traces that are arrested at the micropillar interior. (a) HAADF- STEM micrograph; 

(b) BF micrograph. The dotted rectangles denote areas ahead of the basal dislocation line, which are populated by a 

homogeneous distribution of precipitates. (Zone axis: <-2110>). 

 

In the following, the micromechanical study conducted in grain 2, in which the basal plane forms an 

angle of 84° with respect to the compression axis, and where therefore twinning is expected to be the main 

strain carrier upon yielding (SF twinning = 0.4933), will be described. In this grain, the compression axis 

is close to the [01-10] direction. Fig. 6.9a illustrates a representative engineering stress-strain curve 

corresponding to a micropillar compression test performed in this grain up to a strain of 10%. Yielding at 

a stress of 195 MPa is followed by a stress plateau that is typical of twin propagation [71] and subsequently 

by pronounced strain hardening that has been earlier associated the activation of hard basal slip within the 

twin [71], once the latter occupies a significantly high fraction of the micropillar volume. Figs. 6.9b and 

6.9c are SEM micrographs of the surfaces of two micropillars deformed, respectively, at strain levels of 3% 

and 10%, which confirm the nucleation and propagation of twin lamellae. The critical resolved shear stress 

for twinning (CRSStwinning), calculated as the product between the yield strength (195 MPa) and SFtwinning, 

amounts to 96 MPa. This value is significantly higher than that measured in pure Mg by single crystal 

studies, which amounts approximately to 12 MPa [72], and by micropillar studies, which range from 20 to 

70 MPa. 

TEM was carried out to examine the microstructure of the deformed grain 2 pillars at greater 

magnification with the aim of analyzing the interaction of twin boundaries and nanoparticles. Fig. 6.10a 

provides an overview of the entire TEM specimen, which was milled along a longitudinal micropillar 

section parallel to the {-2110} plane. The micropillar under investigation here is subjected to a strain of 5%. 
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Several twin lamellae are clearly visible. Fig. 6.10b is a HAADF-STEM micrograph illustrating a general 

view of the precipitate distribution in the matrix and twinned regions. At this magnification, it appears as 

though the passage of the twin boundary, which leads to a rotation of the lattice in the matrix close to 86°, 

does not result in major changes in the precipitate orientation. Thus, within the twin, the disk-precipitates 

lay almost parallel to prismatic planes. 

Fig. 6.11 consists of two HAADF-STEM images obtained along the <-2110> zone axis illustrating the 

structure of two portions of one of the twin boundaries from Fig. 6.10a at the atomic scale and the 

corresponding matrix and twin Fast Fourier Transformation (FFT) patterns. The orientation of prismatic 

planes in the matrix and in the twin is indicated by green dotted lines. In agreement with earlier studies 

[142], it can be seen, first, that the twin boundary is serrated. Although the largest boundary area fraction 

corresponds to what is conventionally known as a coherent twin boundary (CTB, solid red lines in Fig. 

6.11), some smaller boundary segments are parallel to matrix basal planes (BP, solid yellow lines in Fig. 

6.11). Finally, some other small boundary segments are parallel to matrix prism planes (PB, solid blue lines 

in Fig. 6.11). Periodic segregation of solutes can be observed along CTB, BP and PB boundary segments, 

as reported earlier [150]. 

 

 

Fig. 6.9: Micromechanical study in grain 2. (a) Engineering stress-strain curve. The insets represent, respectively, the 

orientation of the precipitated Mg lattice before twinning and after twinning with respect to the compression axis (red 

arrows). (b,c) SEM micrographs of the surfaces of two different micropillars illustrating the presence of twins after 

straining up to an engineering strain of (b) 3% and (c) 10%. 
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Fig. 6.10: (a) TEM BF micrograph (<-2110> zone axis) illustrating an overview of the TEM specimen, that was milled 

in grain 2 parallel to the compression axis, where the twin lamellae are clearly visible; (b) HAADF-STEM image 

providing a general view of the precipitate distribution in the matrix and in twinned regions. The SAD patterns 

corresponding to matrix and twinned areas are included as insets. 

 

 

Fig. 6.11: HAADF-STEM micrographs illustrating two portions of one of the twin boundaries from Fig. 10a. It can 

be seen that the boundary is formed by coherent twin boundary segments (CTB, solid red lines), as well as smaller 

boundary segments that are parallel to matrix basal planes (BP, solid yellow lines) and to matrix prismatic planes (PB, 

solid blue lines). The prismatic planes in the matrix and in the twin are highlighted using green dotted lines (<-2110> 

zone axis). 
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Fig. 6.12 illustrates the interaction between a CTB segment (red solid lines) and two nano precipitates. 

The prismatic planes in the matrix and in the twin are highlighted using green dotted lines. The orientation 

of the precipitate long axes in the matrix and in the twin is indicated using solid and dotted orange lines, 

respectively. It can be seen that precipitates undergo a small elastic rotation at the interface with the CTB. 

The angle between the precipitate long axes in the matrix and in the twin is approximately 6º. 

 

 

Fig. 6.12: HAADF-STEM micrographs illustrating the interaction between a coherent twin boundary (CTB, red solid 

lines) and two nanoprecipitates. The prismatic planes in the matrix and in the twin are indicated using green dotted 

lines. The orientation of the precipitate long axes in the matrix and in the twin are highlighted using solid and dotted 

orange lines, respectively (<-2110>zone axis). 

 

Fig. 6.13 shows the interaction of a CTB/PB intersection (blue solid line) and a nanoprecipitate. Again, 

the prismatic planes in the matrix and in the twin are highlighted using green dotted lines and the orientation 

of the precipitate long axes in the matrix and in the twin is indicated using solid and dotted orange lines, 

respectively. Fig. 6.13 reveals that, at the CTB/PB intersection, the precipitate is sheared along the PB 

boundary plane, which is parallel to a matrix prism plane. The shear strain is approximately equivalent to 

two atomic distances. This shearing interaction must be distinguished from the shearing caused by basal 

dislocations within the twin (see white arrow in Fig. 6.13), which leave a step on the precipitate surface 

equivalent to one atomic layer. These results suggest that the interaction of a CTB/PB segment with the 

precipitate leads to a localized high-stress concentration, which ultimately gives rise to precipitate shearing. 

Additionally, it can be seen that the precipitate long axis in the twin is rotated elastically approximately 6º 
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with respect to the long axis in the matrix. As was shown earlier (Fig. 6.12), such elastic rotations are caused 

by the bypassing of precipitates by CTB segments. Thus, the simultaneous observation of shearing and an 

elastic rotation in the precipitate of Fig. 6.13 reveals that the investigated particle must have been bypassed 

earlier by a CTB segment adjacent to the PB segment under investigation (such CTB segments are 

highlighted using red solid lines in Fig. 6.13) 

 

 

Fig. 6.13: HAADF-STEM micrograph illustrating the interaction between a PB/CTB intersection and a 

nanoprecipitate (<-2110> zone axis). The prismatic planes in the matrix and in the twin are indicated using green 

dotted lines. The orientation of the precipitate long axes in the matrix and in the twin are highlighted using solid and 

dotted orange lines, respectively. 
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6.4 Discussion 

6.4.1 Interaction between basal dislocations and the basal disk-shaped ultrathin precipitates at the atomic 

scale: introducing a novel particle hardening mechanism 

The equilibrium of forces on a dislocation as it reaches a precipitate can be expressed as follows 

[159]: 

F=2T*sinθ                          (Equation 6.1) 

where F is the resistance force exerted by the particle, T is the dislocation line tension, and θ is the 

dislocation bowing angle, which varies from 0, when the dislocation is a straight line, before approaching 

the precipitate, to a maximum value of 90°. “Hard” particles, for which F>2T (maximum line tension), are 

overcome either by looping (Orowan) or by cross-slip and they remain undeformed after being bypassed 

by dislocations. The increment in the resolved shear stress (τ) when Orowan looping is the dominant 

dislocation-particle interaction mechanism can be expressed as [160]: 

∆𝜏𝑠ℎ𝑒𝑎𝑟 =
𝐺𝑏

2𝜋𝜆√1−𝜐
𝑙𝑛(

𝑑𝑝

𝑟0
)  (Equation 6.2) 

where G is the shear modulus of the matrix phase, b is the magnitude of the Burgers vector for the gliding 

dislocations, λ is the effective planar interparticle spacing, v is the Poisson’s ratio (0.35), dp is the mean 

planar diameter of the particles on the slip or twin plane and r0 is the dislocation core radius. If, however, 

the maximum resistance force of the precipitate is attained before θ= 90°, then particles are considered “soft” 

and particle shearing occurs. Coherent precipitates, in which the atomic arrangement at the matrix-particle 

interface is shared by the two neighboring lattices, and in which the precipitate Bravais lattice is similar to 

that of the matrix, are highly shearable. Orowan looping and particle shearing are widely accepted by the 

scientific community as the two main room temperature dislocation-particle interaction mechanisms in 

metallic materials. 

In Mg alloys, shearing is now recognized as the main interaction mechanism between basal 

dislocations, which are the main strain carriers in most systems under most testing conditions [139], and 

precipitates [68]. This is due to the high coherency between the particles that result from aging most Mg 

alloys [161] and the Mg matrix. Particle shearing by basal dislocations often leads to basal slip localization 

as the passage of dislocations results in the reduction of the precipitates´ cross-sectional area or precipitate 

break-up along the active planes, which then become “softer” paths for other basal dislocations, and 

ultimately concentrate most of the subsequent strain [71,156]. Slip localization by particle shearing has also 

been observed in Al alloys [67,162]. Our work, however, shows that basal slip in the aged MN11+3Zn alloy 
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under investigation is diffuse, as evidenced by the abundance of basal slip lines present in the micropillar 

surface following deformation (Fig. 6.4c), most of which are associated with small surface steps, especially 

if compared with those reported for other Mg aged alloys deformed under similar conditions in which 

particle shearing by basal dislocations is the dominant dislocation-particle interaction mechanism [71]. 

The reduction of basal slip localization can be attributed to the occurrence of a novel interaction 

mechanism between basal dislocations and the ultrathin precipitates, shaped as disks parallel to the basal 

plane and with a thickness that comprises only a few atomic layers. In this configuration, as can be 

appreciated in Figs. 6.5-8, the stress fields associated with the moving basal dislocations lead to precipitate 

dissolution in the neighboring regions and to microsegregation of Nd and Zn atoms at the slip line. The 

observed microsegregation at basal traces evidence that solute diffusion from the neighboring regions must 

occur at room temperature. Room temperature diffusion in metals subjected to spatially non-uniform and, 

potentially very high stresses and stress gradients, such as those associated with moving dislocations, has 

indeed been modeled by Olmsted et al. [163], which provided accurate local approximations to the vacancy 

formation and diffusion activation enthalpies, as well as the simulation methods needed to implement them 

in multiscale models. These results show that, due to microsegregation, the active basal slip plane becomes 

a “harder” path for subsequent dislocations, leading to the activation of other basal planes and, thus, limiting 

basal slip localization. Although Mn-based particles are not the main focus of this research, a note must be 

made here that dissolution of Mn-based nanoprecipitates is less likely due to the larger particle volume. 

Indeed, as mentioned earlier, some of these Mn-based nanoparticles remain present in the zones that become 

depleted of ultrafine grained precipitates following the passage of dislocations, at distances of about 30 nm 

or higher. These results show that the segregation of Mn at the active basal slip traces upon the passage of 

dislocations is likely due to dragging of the Mn-based nanoparticles lying at distances smaller than about 

30 nm with respect to the active basal trace. 

The movement of a dislocation along a highly segregated path, like the basal slip lines in the alloy 

under investigation, has been modeled by Ma et al. [164]. They analyzed the chemical equilibrium in a 

system of gliding dislocations by a continuum model of segregation based on gradient thermodynamics and 

a phase-field model of dislocations, taking into account short-range chemical interactions, the concentration 

gradient, the coherence elastic strain, and the spatial variation of the gradient-energy. They predicted that, 

given appropriate conditions, dislocations could break-away even from such high concentrations of solutes, 

giving rise to a stress drop. I hypothesize that the softening/stress drop observed in the stress-strain curves 

of Fig. 6.4 at strains comprised between 3 and 4 % could be associated with the break-away of dislocations 

from the high solute concentrations present in the slip bands. This would be consistent with the negligible 

strain hardening observed at higher strains. 
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In summary, the current study describes a novel dislocation-particle interaction mechanism in Mg 

alloys in which the particles do not act as physical obstacles to slip, but they constitute nanoscale reservoirs 

of atoms which, upon the passage of dislocations, are jetted towards the slip line. This mechanism results 

in CRSSbasal values in the MN11+3Zn alloy that are comparable to those measured in other aged Mg alloys 

with larger sizes and a wide variety of morphologies [71,156] (Table 2). According to the modeling work 

of Ma et al. [165], the movement of dislocations along a segregated path will depend on temperature, on 

the chemistry of the segregated atoms, as well as on the dislocation velocity. The current work suggests 

that tuning these parameters might provide a new design strategy to strengthen Mg alloys. 

 

6.4.2 Interaction between twin boundaries and the basal disk-shaped ultrathin precipitates at the atomic 

scale: elastic rotation vs. shearing of particles 

Several mechanisms of interaction between twin boundaries and particles lying on basal and prismatic 

planes have been proposed to date. Most studies claim that the passage of the twin boundary leads to an 

elastic rotation of the precipitate lattice of a few degrees (3 to 7º) [71,165,166], and the precipitate becomes 

ultimately engulfed by the twin. Some works have reported that the precipitate lattice is also twinned 

internally, or even dissolved [167] as a consequence of the passage of the twin boundary [165]. In other 

studies the type of interaction is reported to be dependent of the particle thickness [168]. Only two studies 

carried out in very thin precipitates with high aspect ratios and with thicknesses (diameter in case of rods) 

of the order of 10-30 nm have reported precipitate shearing by the passage of the twin boundary [67,165]. 

Our work reveals that the interaction between the twin boundary and the precipitate is influenced by the 

specific nature (CTB or PB/BP) of the boundary segment traversing the precipitate. In particular, we have 

observed that the passage of a CTB segment leads to an elastic rotation of the precipitate lattice (Fig. 6.12), 

whereas the interaction of a CTB/PB interface with the precipitate results in precipitate shearing parallel to 

the prismatic boundary plane (Fig. 6.13). The consecutive passage of CTB and PB segments across 

precipitates would lead to a “coupled” interaction consisting on combinations of elastic rotations and 

shearing (Fig. 6.13). 

The precipitates under investigation in the current study have a very fine thickness (smaller than 1 nm) 

and very large aspect ratios (~20). According to [169], these particles should lead to a very high increase 

in the CRSStwinning, if Orowan-type interactions between particles and twin boundaries would prevail. 

However, the CRSStwinning value measured in the MN11+3Zn is 96 MPa, which is comparable to that 

measured in other micromechanical studies of Mg alloys using pillars of comparable size. The results of 
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this PhD research suggest that the comparatively smaller increase in twin precipitation hardening could be 

attributed to the capability of twin boundaries to engulf, and even shear, the ultrathin precipitates. 

 

6.5 Conclusions 

A combined experimental approach including room temperature micromechanical testing and high-

resolution transmission electron microscopy is put in place to investigate the interaction between basal 

dislocations and twin boundaries with basal ultrathin precipitates in a Mg-1Mn-1Nd-3Zn (wt.%) alloy at 

the atomic scale. The main conclusions are listed below: 

1. Peak-aging of the Mg-1Mn-1Nd-3Zn (wt.%) alloy led to a homogeneous distribution of ultrathin 

basal disk-shaped particles with a diameter of 15±4 nm and a thickness of approximately 0.6 nm. 

2. A novel mechanism of interaction between basal dislocations and the ultrathin precipitates is 

described. The passage of basal dislocations leads to the dissolution of the nearby precipitates and thus to 

the formation in the regions neighboring the basal traces of precipitate free-zones of approximately 160 nm 

in width. Diffusion aided by the stress gradients associated to the moving dislocations results in 

microsegregation of Mn, Nd, and Zn to the basal slip planes. 

3. Basal slip localization in grains that are favorably oriented for basal slip, which has been commonly 

observed in other aged Mg single crystalline alloys with similar orientations, is prevented due to the 

hardening of basal slip planes by microsegregation, which triggers the successive activation of multiple slip 

planes. 

4. The mechanism of interaction of twin boundaries with the ultrathin basal precipitates is a function 

of the twin boundary plane. Coherent twin boundary segments lead to elastic rotations of the precipitate 

lattice, while the interaction of CTB/PB intersections with precipitates result in precipitate shearing parallel 

to prismatic planes. 
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Chapter 7 

7.1 Main Conclusions 

This thesis aims to contribute to a deeper understanding of physical metallurgy phenomena, such as 

the effect of solute element and the interaction of precipitates, both of them as potential hardening agents, 

with dislocations and twins in Mg alloys. With that purpose, an exhaustive EBSD-assisted slip trace 

analysis has been used as main experimental tool to evaluate the operative deformation mechanisms. The 

main conclusions derived from this study are listed below: 

(1) Basal slip was found to be the dominant deformation mechanism in all the binary solid solutions 

alloys at the early stages of deformation at RT, irrespective of composition and grain size. Alloying 

additions were observed to have little influence on texture development but acted as strong 

modifiers of the topology of the grain boundary network developed during previous thermo-

mechanical processing. In particular, they reduced the connectivity of grains that are well oriented 

for basal slip, preventing intergranular slip localization and, in turn, leading to considerable 

strengthening of basal slip. In addition, solutes act also as enhancers of diffuse slip within 

individual grains, leading thus to a reduced tendency towards intra- and inter- granular basal slip 

localization. 

(2) The activity of non-basal slip, especially pyramidal <c+a> dislocations, and tensile twinning, 

which operate mostly as accommodation mechanisms in response to local stresses, increases with 

increasing tensile strain at RT. High local stresses induced by pyramidal slip lead to activation of 

other secondary deformation mechanisms, such as compression twinning, cross-slip and slip 

transfer between pyramidal planes, which all together contribute to enhance ductility in Mg-Zn 

alloys. 

(3) At high temperature, while the addition of Al and Zn atoms to pure Mg does not lead to major 

changes in the mechanical strength at the investigated temperatures, it does enhance ductility 

significantly, especially at 250ºC. This increase in ductility cannot be attributed to a higher 

activation of non-basal systems in the alloys, as reported earlier, as the incidence of non-basal 

systems is indeed considerably higher in pure Mg. This work suggests, on the contrary, that the 

ductility increase may be attributed to the presence of a more homogenous basal activity in the 

alloys due to a lower degree of orientation clustering, to grain boundary solute segregation, and to 

a higher slip diffusivity at grain interiors. 

(4) The interaction between basal dislocations and twin boundaries with ultrafine basal disk-shaped 

precipitates at the atomic scale in the Mg-1Mn-1Nd-3Zn (wt.%) alloy has been investigated. It has 
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been observed a novel mechanism of interaction between basal dislocations and the ultrathin 

precipitates, which consists in the dissolution of the ultrathin basal precipitates and solute 

microsegregation at the slip lines due to movement of dislocations along basal planes. Hindering 

of basal slip due to such microsegregation prevented slip localization by promoting the 

consecutive activation of softer basal planes. In addition, twin-precipitate interactions were found 

to be dependent on the twin boundary plane. In particular, bypassing of precipitates by coherent 

twin boundary segments were observed to lead to elastic rotations of the precipitate lattice, while 

the interaction of CTB/prismatic-basal intersections with precipitates resulted in precipitate 

shearing along prismatic planes. 
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7.2 Future Work 

The following tasks are proposed as future work: 

1. Extension of the proposed EBSD-assisted slip trace analysis to investigate the influence of other 

alloying elements (REs, Ca, Li etc) and testing conditions (load direction, temperature, previous 

thermo-mechanical processing) on activation of slip systems and twinning in Mg alloys. 

2. To explore the influence of other new processing technologies, such as additive manufacturing, on 

the operation of deformation mechanism, which determine mechanical properties in Mg alloys. The 

current study evidences that the topology of the GB network, together with the local 

crystallographic orientations, which emerge from the thermo-mechanical processing play a 

decisive role in the selection of the dominant deformation mechanisms in pure Mg alloys. 

3. To explore new compositions in order to design precipitates that can provide a larger strengthening 

contribution to Mg alloys. The current experimental results have demonstrated that basal 

dislocations are able to shear the precipitates due to their high interfacial coherency with the Mg 

matrix. Therefore, precipitation of non-shearable particles containing incoherent interfaces into the 

Mg matrix, which are impenetrable barriers to dislocation movement would be highly relevant. 
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